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ABSTRACT 
Hot tensile tests have been performed on a variety of plain 
carbon and micro-alloyed steels, in order to determine the 
influence of such factors as phase transformation, grain size 
and precipitation on hot ductility. The y-a phase trans-
formation has been shown to produce a significant ductility 
trough in the high temperature tensile behaviour of plain C 
steels, and factors which alter the A temperature, such as 
1 · 3 coo lng rate and C content, have been shown to produce a 
change in the temperature at which the ductility trough occurs. 
This ductility trough is due to strain concentration in the 
ferrite films surrounding the grains, leading to intergranular 
failure. It has also been shown that an i~crease in grain size 
can increase the depth and width of this ductility trough. For 
plain C steels with a C content of 0.35% or above, and for some 
micro-alloyed steels, a ductility trough may also be present in 
the single phase austenite region. For the plain C steel, this 
is. believed to be due to the increase in activation energy for 
deformation associated with increasing C contents. In micro-
alloyed steels, the trough is due to the retardation of dynamic 
recrystallization associated with the presence of fine carbide 
and/or nitride precipitates, which allows intergranular cracks to 
develop. The de~th and width of this ductility trough is 
primarily dependent on the size and amount of precipitates present. 
although it has been shown that grain size has a secondary effect. 
In C-Mn-Nb-Al steels, factors which tend to reduce hot ductility 
by reducing precipitate size and/or increasing the amount of 
precipitate present include the reheating of tensile samples cast 
'in-situ', the introduction of temperature oscillations during 
COOling from solution temperature, and the presence of large 
amounts of'dynamic' precipitates formed during tensile testing. 
In C-Mn-V-Al steels, 'dynamic' precipitates do not have such an 
adverse effect. Strain rate was also shown to have an important 
influence on hot ductility, and decreasing strain rates have been 
Shown to reduce hot ductility in both plain carbon and micro-alloyed 
steels. 
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CHAPTER 1 
INTRODUCTION 
15 
In recent y~~~:, th~ amou~t of steel pr~cuc~j ty t!:~ :0~tinuaU3 
casting route has increased dramatically, ~3 shown i~ Fig. 1.1. 
As with any other casting process, continuous castl~g can lead to 
the formation of a wide variety of defects in the solidified slab. 
(Brimacombe and Sorimachi, 1977) Therefore, as the tonnage of 
steel produced by continuous casting increases it becomes more 
important to gain an understanding of the formation of these 
defects, in order to prevent their occurrence. 
One such defect is known as transverse cracking, described in 
section 2.2. These cracks are particularly deleterious, since 
they form at the slab surface, and hence cannot weld up during 
SUbsequent rolling. In some cases, the cracking can be so severe 
that an entire slab must be scrapped. These problems have 
resulted in intensive study of transverse cracking over the last 
decade, and these studies have shown that particular grades of 
steel are espeCially susceptible to this form of cracking. For 
eXample, experience at BSC Ravenscraig Works has shown that 
BS 4360: grade 50D steels are particularly prone to cracking. 
These steels contain small additions of Nb and Al and after hot 
rolling and nor~alising, the resulting fine grained, ferrite-
pearlite structure is particularly suited for offshore applications. 
To . h galn a better understanding of the transvers~ cracking p enomenon, 
hot tenSile tests have been performed using thermal cycles and 
strain rates deSigned to simUlate the continuous cracking process 
(see chapter 2). These studies have related low ductility 
failures in hot tensile tests to the occurrence of transverse 
cracking in continuously cast slabs. Factors identified as being 
responsible for low reduction of area failures during hot tensile 
testing inclUde the austenite to ferrite transformation, and the 
preCipitation of carbides and/or nitride~. It is intended in this 
study to investigate further these aspects. 
16 
The influence of grain size on creep ductility has been extensivelY 
studied, but there appear to be few reports in the literature 
relating grain size to hot tensile test ductility, and to trans-
verse cracking. Therefore it was also decided to investigate the 
influence of grain size on the hot ductility of plain carbon and 
micro-alloyed steels. 
1. 
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CHAPTER 2 
Literature Survey 
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2.1 INTRODUCTION 
Much of the previous work on hot ductility has concentrated 
on either high strain rate deformation aimed at simulating 
rolling or forging operation, or has involved creep tests 
resulting in very low strain rates. The continuously cast 
slab straightening operation is carried out at strain rates 
in the range 10-3 -4 -1 
- 10 s., as described in subsequent 
sections, and there is less information available on strength, 
structure and ductility at high temperatures for these immediate 
strain rates. It is intended in this chapter to briefly review 
the literature describing high temperature strength and 
structure, and particularly ductility. Special attention 
will be paid to examinations using intermediate strain rates 
and steels with small additions of such elements as Nb, Al, V 
and Ti. 
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2.2 TRANSVERSE CRACKING IN CONTINUOUSLY CAST S~h3 
2.2.1 Observations of transverse cracks 
Transverse cracks in continuously cast slabs are often difficult to 
see on the original slab surface, and a control scarf pass is required 
to reveal them. (Figs. 2.1 and 2.2. courtesy of B.S.C.). They 
appear at the base of the ripples on the slab surface left by the 
oscillation of the mould (oscillation marks). It is believed that 
these oscillation marks act as stress concentrators, and hence promote 
crack formation. The crack width is approximately 0.2 mm and crack 
depth varies from 1 to 15 mm. (Brimacombe and Sorimachi, 1977). It 
is believed that the cracks form in the mould, and propogate during 
the straightening process. (Schmidt and Josefsson, 1974; Mercer and 
MCPherson, 1979). In addition, Schmidt and Josefsson have shown that 
the cracks propogate along the austenite grain boundaries, and that 
COurse grained regions are particularly prone to cracking. A 
variety of particles have been identified on the crack surfaces, 
including AlN (Mori, 1974; Cochrane,1982) and MnS, NbCN and various 
oXides. (Cochrane, 1982) 
The incidence of transverse cracking is dependent on many factors, 
which can be classed as either process variables (including such 
factors as secondary cooling patterns and mould oscillation frequency) 
or compositional variations. Process variables will be discussed in 
section 2.2.3 and the influence of composition on transverse cracking 
in section 2.9. 
2.2.2 Mechanics of the slab straightening process 
Transverse cracks propogate during the slab straightening process, and 
several estimates have been made to determine the surface strain and 
strain rate experienced by the slab during the straightening process. 
Fig. 2.3 shows the profile of a typical slab caster. Following 
Lankford (1972), Fig. 2.4 illustrates the surface strain and strain 
rate developed during the straightening process. These strains may 
be the greatest to which the slab is subjected during the continuous 
casting operation. The surface strain, (S' due to bending is given 
approximately by 
fS ~ t/2R ., •••••••. 2.1 
where t is the slab thickness, and R the bending radius. For typical 
R values of 9.8 m, and a slab thickness of 229 mm, a surface strain 
of 1.2% is expected. 
The strain rate is less well defined, due to the uncertainty in the 
gauge length necessary to develop the full bending strain. Lankford 
has given three values for this gauge length, L (Fig. 2.4): the 
distance from a tangent point to the first bending rolls ( .1 ), a 
distance equal to the skin thickness ( b), or a distance equal to 
. 
the slab thickness, (t). The strain rate, ( , is then given by:-
. 
f = f S V IL •••••• 2. 2 
Where V is the casting speed. For a typical casting speed of 0.9 
m/mins. and suitable values for L, the surface strain rate is in the 
range 0.2 x 10~3 - 3.0 x 10-3 -1 S • Similar results for surface 
strain and strain rate have been calculated by Bernard et al (1978). 
It should be noted that these calculations are approximate, and deal 
. with the deformation of the slab as a whole. Locally, at the bottom 
of the oscillation works, for example, different values may be 
obtained for f and i: . 
S 
2.2.3 The influence of process variables on transverse crackipg 
In section 2.9, results will be reported which show that when micro-
alloyed steels are tested at strain rates in the range 10-4 _ 10-3 S-l 
at high temperature, they can show a loss of ductility in the 
temperature range 600 - 1,000DC. These conditions are close to those 
experienced during the straightening operation in which transverse 
cracks propogate, and so attempts have been made to alter the slab 
Surface temperature by adjusting the secondary cooling pattern. 
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'Soft' cooling patterns aim to produce a sla~ surface temperature 
above the low ductility region, whilst 'hard' cooling patterns try 
to produce slab temperatures below the low ductility region. 
Mercer and Mcpherson (1979) have reported that 'soft' ~ooling 
patterns, using reduced amounts of cooling water, resulted in an 
increase in slab surface temperature, and a reduction in the 
incidence of transverse cracking. Offerman et al (1981) have also 
reported reduced cracking using soft cooling patterns. 
Birat et al (1981) have discussed the limitations of the soft cooling 
pattern. They pointed out that the high temperature extent of the 
ductility trough is more composition dependent than the low 
temperature extent. Straightening temperatures therefore, either 
have to be adjusted for a particular composition, or kept at 
temperatures high enough to avoid the ductility trough of the steel 
with composition showing the broadest ductility trough. Additionally, 
there are strict limitations which must be put on casting speed if the 
soft cooling pattern is adopted: a rapid casting speed can result 
in incomplete solidification at the straightener, whilst a casting 
speed which is too slow can produce a straightening temperature close 
, " 
to the ductility trough. 
These limitations led Birat et al (1981) to develop a cooling 
pattern which reduced surface temperature at the straightener to 
700°C, and this produced a decrease in the frequency of transverse 
cracking. Similar 'hard' cooling patterns have been used success-
fully by Nozaki et al (1978), and by Schmidt and Josefsson (1974). 
The latter authors attributed the reduction in cracking to the 
elimination of the coarse austenite grains with which they had 
previously associated transverse cracking. 
However, the 'hard' cooling pattern also had disadvantages, as noted 
by Offerman et al (1981). Although such cooling patterns reduce 
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the slab surface temperature to below 700°C, at some point below 
the slab surface, the temperature can be high enough to place it 
in the low ductility region, leading to the formation of subsurface 
transverse cracks. Cooling uniformity is more difficult to achieve 
using the 'hard' cooling pattern. For example, clogged spray 
nozzles can produce localised bands at the surface which are at an 
elevated temperature, and cracking can then occur along these bands. 
The impingement of cooling sprays can also lend to oscillations in the 
slab temperature near the slab surface (Fig. 2.5). The thermal 
stresses set up by this effect are in themselves enough to form 
cracks (Tomono, 1977). In addition, thermal cycling below the Ar 
3 
temperature can increase the rate of AIN precipitation (Nozaki et al 
1978), and hence'reduce hot ductility. Offerman et al (1981) have 
also demonstrated this effect. Thus the introduction of a more 
uniform cooling pattern which eliminates these temperature 
OScillations has been shown to reduce transverse cracking. (Nozaki 
et aI, 1978; Coleman and Wilcox, 1985) 
MOUld oscillation frequency can also effect transverse cracking and 
, 
eXperience at the BSC Ravenscraig plant has shown than an increase in 
mould oscillation frequency led to a significant reduction in plate 
rejection levels, presumably by reducing the stress concentration 
effect of the oscillation marks (Mercer and Mcpherson, 1979). 
2.3 HIGH TEMFERATURE STRENGTH AND STPUCTUPE 
2.3,1 General 
During hot deformation, work hardening and dynamic restoration 
processes are occuring simultaneously, and it is the balance 
between these processes that determines the hot strength. The 
Operative dynamic restorative process is dependent on strain and 
alloy type, and the behaviour of different metals and alloys is 
sUmmarised in Table 2.1. 
Hot strength is strongly influenced by temperature and strain rate, 
and Sellars and Tegart (1966) have shown that hot working data can 
be correlated using the relationship developed from creep studies:-
f = A (sinh ex a ) n exp (- a/RT) •••• 2.3 
where i. is the strain rate, a stress (either peak or steady state), 
T the absolute temperature, R the universal gas constant, A, ex and 
n temperature independant constants, and a an activation energy. 
Equation 2.3 can also be expressed in terms of Z, the Zener-Holloman 
parameter, where 
Z = f exp (a/RT) •••• 2.4 
so that 2.3 can be written as 
Z = A (sinh ex a ) n ••••• 2.5 
This relationship has been successfully applied for a number of 
alloys, including plain carbon steels (Tegart, 1968), and micro-
alloyed steels (Sankar et aI, 1979) in the austenitic state. The 
value of Q may remain constant over a wide range of strain rates, but 
in some cases different values are obtained for creep and hot working 
conditions (Jonas et aI, 1969). 
In the former case, Q is equal to the activation energy for self 
diffusion, and is indicative that the rate controlling softening 
Process is dynamic recovery over a wide range of strain rates. In 
the latter case, the higher activation energy for hot working is 
taken to be due to the operation of dynamic recrystallization. 
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during hot working. Steels in the austenitis state belong to 
this second group. 
2.3.2 Dynamic recovery 
This softening process operates at all strains for metals in group 
A, but only at small strains for group 8 metals. The micro-
structural evidence for dynamic recovery has been reviewed by Jonas 
et al (1969). This work has shown that the grains of the original 
microstructure become elongated in the direction of hot working, 
and appear fibrous. This distortion of grain boundaries is 
accompanied by subgrain formation. For a iron, it has been shown 
that the subgrains assume their final size by strains of 0.2 to 0.3 
for strain rates of 0.05 to 1.5 S-l (Glover and Sellars, 1973). 
I. 
After their formation, subgrain size and mis-orientation, and 
diSlocation density between the sub-boundaries, remain constant. A 
SitUation is reached in which dislocation generation and annihalation 
rates are equal, and the strain hardening rate is then reduced to 
zero. 
For group A metals, the subgrains are narrOw and well defined, 
whereas for group 8 metals,the subgrains are highly tangled, leading 
to higher levels of stored energy for these metals. The subgrains 
remain equiaxed even at large strains for both group A and group 8 
metals, and it is thought that this occurs by the process of re-
POlygonization, that is the repeated destruction and subsequent re-
formatton of new sub-boundaries in such a manner as to keep their 
SpaCing and dislocation density constant. The mean subgrain size is 
increased by increasing temperature and decreasing strain rate, and 
is related to the Zener-Holloman parameter, Z, by:-
d -1 blog Z 2.6 = a + ...... s 
where d is 
s 
the mean subgr3in diameter, and a and b constants 
(Mc~ueen et aI, 1967). A :orrelation has also been observed by ~any 
WSr'ker~ between flow 2tr~2~ ~~d subgrain 3ize. The most J~neral 
relationship is of the form:-
= 
kd -m 
+ s • • . . .• 2.7 
.where Uf is the flow stress, and Uo;k and m constants. Jonas et 
al (1969) have reviewed the literature for Al alloys of varying 
purity, and determined that for such alloys, m was 1.5. Other 
values of m are for Fe-er and Fe-Ni alloys. (Redfern and 
Sellars, 1969). 
As described previously, substructure differs between group A and 
group B metals, and this is thought to be due to differences in 
stacking fault energy between the two groups; group A metals have 
a high stacking fault energy, whilst group B metals have a low 
stacking fault energy. These differences mean that thermally 
I 
activated cross slip in group B metals is difficult, and hence 
substructure cannot develop to the extent observed in group A 
metals. In general, solid solution alloying additions to pure 
metals reduce stacking fault energy, and hence makes dynamic 
recovery more difficult, and as a consequence, flow stress is 
increased. Subgrain size may either decrease (Zr -Sn alloys), 
increase (Al-Mg alloys) or remain constant (Fe-Si) alloys, with 
increasing alloying additions~ (McQueen and Jonas, 1975) 
Metals containing stable second phase particles develop sub-
structure more rapidly than an equivalent particle free alloy, and 
these particles finally stabilize the sub structure. Subgrain 
diameter can be reduced to the order of lnterparticle spacing. If 
the second phase particle is less stable, particle coarsening and 
Coalescence can occur. This process is great accelerated by hot 
defor~ation, as sub-boundaries act as paths for diffusion at higher 
rates than the lattice. This process can lead to a decrease in the 
flow stress during not deformation. 
2.3.3 Dy~~~i~ r~crystallization 
Aft.::r ·.nj~';;Ging '1 l;.mited amount of dynamic ,.,C~ 1=C~/ g,oup 3 
metals can undergo dynamic recrystallization, if sufficiently 
large strains are reached. The limited dynamic recovery occuring 
in these metals means that the sub structure is poorly developed, 
with tangled sub grains having high stored energy levels. These 
high levels of stored energy in group B metals are considered 
essential to obtain the differences in stored energy levels required 
to nucleate dynamic recrystallization. 
Nucleation of dynamic recrystallization occurs at existing grain 
boundaries at lower strain rates. (Luton and Sellars, 1969; 
Roberts et aI, 1979). The poorly developed sub-boundaries pin 
sections of the original grain boundaries, which bulge out and 
migrate due to the strain energy difference across the boundary. 
At higher strain rates recrystallization nuclei throughout each 
grain have been observed. (McQueen and Bergesson, 1972). 
As the new grains grow the metal, and hence the new grains, con~ 
tinue to be deformed. At low strain rates, the stored energy 
gradient between the centre of the. new grain and the advancing 
boUndary is low, and so the driving force for dynamic recrystalli-
Zation is not significantly effected by deformation. Recrystalli-
zation proceeds to completion, with the centre of each grain having 
a higher dislocation density than the edge. As deformation con-
tinues, the stored energy within the recrystallizedgrains ' increases 
until the critical level for recrystallization is reached. At this 
stage, the flow stress falls as recrystallization proceeds again, 
and the repetition of this process leads to, the cyclic flow curves 
observed for low strain rate deformat~on in group B alloys. (Sellars 
and T~gart, 1966). 
For high strain rate deformation, the stored energy behi~d the 
migrating boundary is high, and hence the driving force for grain 
bOUndary migration is reduced. Before recrystallization is complete, 
the stored energy levels in r.he centres of the recfystalliz.ed br·~ins 
reaches th~ critical l evel for nucleation and the ~y c ~~ ~~ D~ ~ ~ ~ 
i t self . This process leads to the steady st&te fl ow s:ress 
observed during hot deformation at higher strain rates. 
Nucleation of dynamic recrystallization occurs at a cricital strain 
level, E, which is less than the strain at peak stress, £ , as 
c p 
measured from the flow curve. According to Rossard (1973), E is 
c 
given approximately by:-
lC = 0.83 l 
P 
2.8 
EC increases as the initial grain size, do' increases (Roberts et 
al, 1979; Sellars, 1980; Ruibal et aI, 1984), and as Z increases. 
(McQueen and Jonas, 1975, Sellars, 1980). Sellars has shown that 
for steels, a relationship of the form:-
, 
Ep = B do ~ Zp •••••• 2.9 
eXists, when Band p are constants, and p is in the range 0.125 to 
0.175. At very low stresses, lc may decrease with increasing Z. 
(Luton and Sellars, 1969). This complex variation of lc with Z is 
not fully understood. It is thought that at very low stresses, the 
low dislocation density requires large strains to provide the 
necessary stored energy for dynamic recrystal~ization. At higher _ 
stresses, the increase in l with increasing Z may be due to the need 
c 
for an increase in stored energy with increasing strain rate to 
provide the necessary driving force for dynamic recrystallization to 
proceed. 
Dynamically recrystallized grain size, dr, is determined by the flow 
stress, a
f
, and is independent of temperature. af and drare 
related by:-
a f = N ru:
q 
•••••••••••• 2.10 
~here Nand q are constants - Q falls in the range 0.7 - 1.0, 
depending on composition and purity. (McQueen and Jonas, 1975). 
SOlid solution B:lloying reduces the rate of dynamic recovery, and 
hence might be expected to promote dynami~ recrystallization; however, 
2B 
th~ rat~ 01' grain boundary migration is also ~educed by ~ 1 1 0ying 
additions and this reduces the rate of dynamic recrystallization. 
For some allois, this reduction in the rate of dynamic recrystalli-
zation can lead to the formation of a ductility trough. 
The elements Nb and to a lesser extent V, are particularly effective 
in retarding dynamic recrystallization. The technical importance 
of this phenomenon for the production of controlled rolled micro-
alloyed steels has meant that the subject has been investigated 
extensively. Recent investigations (le Bon et aI, 1975; Sekine and 
Maruyama, 1976; Weiss and Jonas, 1979; Ouchi and Okita, 1982) have 
all shown that increasing Nb additions increase l . Weiss and p 
Jonas have shown that this effect is due to solute drag on grain 
boundaries at high strain rates, and to the dynamic precipitation 
of fine NbCN at slower strain rates, which reduce grain boundary 
migration rates. The nucleation of dynamic recrystallization can 
be delayed until the dynamic precipitation of NbCN is complete, 
leading to the characteristic 'reverse knee' form of the RTT 
diagram for Nb containing steels. 
Similar studies on the influence of V on dynamic recrystallization 
by Akben et a1 (1981) have shown that V in solution retards dynamic 
recrystallization, though not to as great an extent as Nb. Dynamic 
precipitation of VN also increase lp' 
2.4 INTERACTION BETWEEN HIGH TEMPERATURE CRACKING AND 
! 
SOFTENING PROCESSES 
2.4.1 High temperature intergranular crack nucleation and growth 
It has now been known for many years that under appropriate con-
ditions of stress and temperatures, intergranular failure can occur 
during creep and during hot workability tests. As described in 
section 2.2.1, transverse cracks propogate along austenite grain 
boundaries. Therefore, the factors which influence high temperature 
intergranular crack nucleation and growth will be discussed briefly. 
This subject has been covered extensively by Evans (1984), who 
deals with the subject in greater depth than it is possible to here. 
Traditionally, intergranular creep defects have been classified as 
either 'grain edge' or 'r type' (r for rounded) or as 'grain corner' 
or 'w type' (~ for wedge cavities). Both types of cavity require 
grain boundary sliding to nucleate the cavity. The models proposed 
for the nucleation of 'w type' cracks are illustrated in Fig. 2.6. 
Calculations have been made to estimate the critical stress required 
to nucleate a wedge crack, the simpler models assuming no matrix 
relaxation, whilst more complex models consider the role of thermal 
activation in reducing the values of the local concentrated stress. 
Stroh (1955), using no matrix relaxation, estimated the critical 
Shear stress for wedge crack nucleation, TC as:-
T = C 
~heret'is Poisson's ratio. 
, 
~ 
....... 2.11 
Pf is the fracture energy, Ks a constant, 
dg the grain diameter and fl the shear modulus. Other more sophis-
ticated treatments ha~e shown that wedge crack nucleation requires 
Sliding rates greater than 10-9 ms-' (Evans, 1984). 
Ge~erallY, steady state sliding rates are less than 10~ 10ms-' 
'~oUld indicate that nucleation only occurs under high, transient 
rates of sliding. 
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, , 
r type cavit ies also req uire ? ~~J' ~ G~ndary sliding for cavity 
nUcleation , and one possi~le mecG3nis~ fo r their formation was 
proposed by Gifkins (1956 ), and i s illustrated in Fig. 2.7. In 
this mechanism, ledges produced by the impingement of slip bands 
With the grain boundary could lead to the formation of cavities 
as grain boundary sliding proceeded. 
Another Possible source of stress concentrators at grain boundaries 
are grain boundary particles. If the stress concentration at such 
particles is produced by grain boundary sliding alone, the slip 
distance corresponds to the interparticle spacing, and large 
applied stresses are required for particle fracture or particle-
matrix decohesion. However, for the case of the intra granular 
slip impingement against a grain boundary particle, much smaller 
applied stresses are required ,for particle fracture, as slip dis-
tances are much greater. In alloys which develop particle free 
zones (PFZ) adjacent to the grain boundary, particle fracture , is 
mUch more likely, as a large fraction of the specimen strain is 
concentrated in the PFZ. 
It should be noted that the critical stresses required for the 
nUCleation of 'r' type cavities are much lower than those required 
fOr 'w' type cavity nucleation, and so 'rf type cavity formation is 
favoured by low stress, high temperature creep tests, or low strain 
rate hot workability tests. 
Many mechanisms have been proposed to describe the growth of fr ' 
tYpe cavities, and they can be classified as either cavity growth 
by deformation me~hanisms, or cavity growth by vacancy diffusion 
mechanisms. The subject is complex, and is dealt with in detail by 
Evans (1984) 
2.4.2. Influence of dynamic recovery on hot ductility 
As discussed in 2.4.1, low ductility failures at high temperature 
can be intergranular in nature, and intergranular cracks are 
nucJ eated by grain boundary sJ j dirJ g . In creep tes : :;, :i : ~ 1 2:~- t'to,,-!: 
observed that with increasing stress, crack nucleation sites 
change from grain boundary ledges and particles to triple points. 
Materials in which dynamic recovery occurs readily (Group A alloys, 
Table 2.1) have low flow stresses and flow readily at triple points 
to relieve stress concentrations, and thus diminish the initiation 
of 'w' type cracks. In addition, metals which are susceptible to 
dynamic recovery may form 'scalloped' grain boundaries (McQueen 
and Jones, 1975), which diminishes grain boundary sliding, and 
hence reduces intergranular crack nucleation. In such metals, 
ductility increases with increasing temperature, because the stress 
relieving processes are more sensitive to temperature than those 
promoting crack nucleation. (Gittins, 1970) However, in group B 
metals, the rate of dynamic recovery is low and ductility may 
decrease with increasing temperature in the lower part of the high 
' temperature range, because of increases in the amount of grain 
boundary sliding. (White and Rossard,. 1968) 
In general, solid solution alloying tends to reduce ductility. 
This is partly because the smaller subgrains often formed in these 
materials are not as effective in producing 'scalloped' grain 
boundaries, so that grain boundary sliding -is not impeded to the 
same extent. The- scalloping is also reduced by -the' retarding effect 
solutes exert on grain boundary migration.. In addition, the 
decreased ease of dynamic recovery associated with alloying raises 
the flow stress considerably, which is instrumental in nucleating 
and opening up crack~. ' 
2.4.3. Influence of dynamic recrystallization on hot ductility 
·Metals which undergo limited dynamic recovery often show a minimum 
in ductility in a temperature range close to the hotr working range. 
,This minimum in ductility is associated with .intergranular ' failure. 
This OCcurs because the limited dynamic recovery gives rise to high 
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flow stresses and work hardening rates, preventing the accomrno-
dation by lattice deformation of the stresses built up at triple 
POints or grain boundary particles. As the temperature is 
increased beyond that of the ductility minimum, dynamic recrys-
tallization is observed. The introduction of new grains isolates 
the cracks already formed from the grain boundaries, thus 
inhibiting crack propogation. Further crack growth occurs by the 
'capture' of a moving grain ,boundary f~r a sufficient time for 
vacancy diffusion and applied tensile stress to lengthen the crack 
before the boundary breaks away. New cracks may also form in the 
boundaries of the recrystallized grains. Thus under these con-
ditions, grain boundary migration rate may be the process con-
trolling crack propogation. 
This increase in ductility associated with the onset of dynamic 
recrystallization has been reported for a wide range of group B 
metals: in Inconel 600 (Dieter et aI, 1968), Fe-25%Ni (White and 
Rossard, 1968), in a range of Fe-Ni alloys, (Evans and Jones, 1976), 
in cupro-nickels (Evans and Jones, 1978), and austenitic stainless 
steels. (Bywater and Glad /i~ () '\., 1976; Norstrom, 1977; Ouchi and 
Oki ta, 1982). In all these studies, high ductility failures 
were associated with dynamic recrystallisation. The high temper-
ature failure of austenitic irons of varying purities has been 
studied by Wray (1975) . Austenitic iron undergoes limited dynamic 
recovery and displays a temperature range in which ductility is 
low. Howeve~, Wray showed that at temperatures less than 1000 0 C 
electrolytic iron deformed using a strain rate of 2.8 x 10-5 5-1, 
, . 
although undergoing dynamic recrystallisation, failed in an inter-
granular manner with low ductility. 
Studies on the hot deformation of Nb micro-alloyed steels show a 
ductility trough within which dynamic recrystallisation does not 
OCcur, due to the retardation of recrystallization associated with 
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Nb additions. (le Bon et aI, 1975; Sekine and Maruyama, 1976; 
Weiss and Jonas, 1979) Bernard et al (1978) used these recry-
stallization arguments to explain the occurence of the ductility 
trough in Nb micro-alloyed steels. However, for micro-alloyed 
steels, results have been reported which have shown that their 
complex hot ductility behaviour cannot be explained by dynamic 
recrystallization arguments alone. Ouchi and Matsumoto (1982) 
studied the influence of strain rate on the hot ductility of 
micro-alloyed steels. Their results showed that the temperature 
of minimum hot ductility did not change with strain rate. They 
pointed out that since the critical strain for nucleation of 
dynamic recrystallization decreased with decreasing strain rate, 
tests performed at low strain rates might be expected to have a 
narrower ductility trough, due to an earlier onset of dynamic 
recrystallization. Wilcox and Honeycombe (1984) showed that the 
hot ductility of a C-Mn-Nb steel began to increase rapidly with 
increasing temperature before the onset of dynamic recrystallization. 
They concluded that in C-Mn-Nb steels, the precipitation of NbCN, 
rather than dynamic recrystallization, was the most important 
factor cpntrolling hot ductility. However, in C-Mn-Al and C-Mn-Nb-
Al steels, Wilcox and Honeycombe showed that ductility improved 
when a strain sufficient to nucleate dynamic recrystallization 
could be applied before fracture. 
2.5 THE INFLUENCE OF STRAIN RATE ON HOT DUCTILITY 
2.5.1 General 
During laboratory simulations of hot working processes, the strain 
rate is chosen to approximate that experienced during the hot 
working process. In many alloys, the strain rate has a profound 
influence on fracture strain. (Sellars and Tegart, 1972; Evans 
and Jones, 1976). Several hot ductility studies of irons and 
steels have included investigations into the strain rate depend~ 
ance of hot ductility (White and Rossard, 1968; Wagenaar, 1968; 
VOdopivec, 1978; Sanker et aI, 1979), and all have shown an 
increase in hot ductility with increasing str~in rate. However, 
these tests were performed to simulate hot working processes such 
as rolling and forging, and were carried out at strain rates in 
the range 0.1 - 10 S-l. 
Of particular relevance to the continuous casting process are 
those studies conducted above 700°C in the strain rate range 10-4 
- 10-3 S-l, as these are believed to be the conditions experienced 
during the continuously cast slab straightening process (section 
2.2.2). For irons and steels tested under these conditions, the 
influence of strain rate on hot ductility is temperature and com-
Position dependant, and three temperature regimes may be defined:-
from the solidus temperature to 12000Cj from 12000C to 1000 o C; and 
below 1000 0 C. 
2.5.2 The influence of strain rate on hot ductility above 12000C 
Suzuki et al (1982) investigated the influence of strain rate on 
hot ductility in this temperature range for a high purity electro-
lytic iron, and for a 0.4%C steel. They found hot ductility and 
strain rate to be independent for strain rates in the range 5 x 
10-3 - 20 S-l. This behaviour has been related to the ' f~acture 
made for steels tested near their melting points. 
Several workers (Weinberg, 1979; Rogberg, 1983) have reported 
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fracture near the melting point to b~ du~ t ~ i ~ : :~ , ]~~t rn~Jting 
at grain boundaries and / or dendrite interf&c €~, a ~ d thus strain 
rate would be expected to have no influence on fracture processes 
in this temperature range. 
2.5.3 Influence of strain rate on hot ductility from 12000C to 
10000C 
In this temperature range, low ductility failures have been 
observed for steels which have undergone a 'sensitizing' treat-
ment, typically involving reheating above 1200 o C, and which also 
have a low «40) Mn:S ratio (see section 2.9.5). Conflicting 
results have been reported for the influence of strain rate in 
this temperature range. Lankford (1972) has reported no influence 
of strain rate on the hot ductility of a range of plain carbon 
steels, whilstSuzuki et al (1982) have reported an increase in 
ductility with decreasing strain rate between 5 x 10-3 -1 and 20 S 
for a plain carbon steel. They have explained their results as 
being due to the coarsening of (Fe, Mn)S and (Fe, MnlO inter-
granular precipitates occurring during the long test times at 
slow strain rates, which reduces the embrittling effect of these 
precipitates. Yasumoto et al (1985) have also reported an 
increase in hot ductility as the strain rate is reduced from 
2.3 S-1 to .0.01 S-1 in a range of C-Mn-Al steels with Mn:S ratios 
in the range 10-25. 
2.5.4 The influence of strain rate on hot ductility below 1000 0 C 
Investigations by Wray (1975) on pure irons, and by Carlsson 
(1964), Bernard et al (1978), Mintz and Arrowsmith (1979), Ouchi 
and Matsumoto (1982), Suzuki et al (1982), Wilcox (1982), and 
Maeharaand Ohrnori (1984) on plain carbon and micro-alloyed 
steels have all shown a decrease in hot ductility with· decreasing 
strain rate (Fig. 2.8). In addition, some investigators (Mintz 
and Arrowsmith ; 1979; Maehara and Ohrnori 1984) have reported a 
broadening of the ductility trough with decreasing strain rate. 
These results can be explained by the fact that an increase in 
strain rate leads to a decrease in the ratio 19.b./ ft' where 
l g. b. ~s the grain ·boundary. strain, and f t the total strain 
(Ouchi and Matsumoto, 1982). In addition, an increasing strain 
rate will produce an increase in the grain boundary migration 
Velocity, V, through the equation of Lucke and Stuwe (1963): 
V = M (C,T) P (C,i, T) •••••••••• 2.12 
where M is the grain boundary mobility and includes terms des-
cribing the influence of composition e, and temperature, T, and 
P is the driving force for grain boundary migration. As pointed 
out by Evans and Jones (1976) and Mintz and Arrowsmith (1979), a 
rapidly migrating grain boundary will isolate grain boundary 
cracks, inhibiting their propogation and thus improving ductility. 
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2.6 THE INFLUENCE OF GRAIN SIZE ON HOT DUCTILITY 
As described in section 2.4, high temperature fracturE can occur 
in an intergranular manner under appropriate strain rates, and the 
influence of grain size on hot ductility has been the subject of 
many studies. The majority of these investigations have used the 
creep test, and a wide range of metals and alloys have been 
examined, including copper (Fleck et aI, 1910), alpha brass (Taplin 
and Whittaker, 1963), Magnox A180 (Evans, 1969), austenitic steels 
(Bywater and Gladman, 1916; Katumba Rao et aI, 1915) and a low 
•. alloy steel (Reynolds and Gladman, 1980). The majority of these 
studies have shown that creep ductility decreases continuously 
With increaSing grain size (Fig. 2.10). 
In his study of magnox A180, Evans (1969) showed that increasing 
grain size led to an increase in the rate of grain boundary sliding. 
He therefore, attributed the decrease in ductility ~ith increasing 
grain size as being due to the increased sliding rate producing an 
increased grain boundary cavity growth rate. However, it is now 
believed that cr~ep ductility, when intergranular fracture occurs, 
is controlled by the final stages of fracture, i't-ather than the 
nUcleation and early stages of growth of grain boundary cavities 
I- .: 
(Fleck et aI, 1910; Kutumbo Rao et aI, 1915). In the later stages 
. . 
, , 
of crack growth, a propogating grain boundary crack must gr6w 
j " ~. 
. , 
through triple pOints, and it seems likely that the ease of propo-
gation of a crack through a triple point, and the number of triple 
~ ... : ... I 
t 
POints encountered, will be an important fact in determining creep 
- to . 
ductility. Thus a coarse grained material, with fewer triple 
, ,.., 
POints than a fine grained material will be more susceptible to 
'/' ... t .. 
intergranular cracking. It has also been pointed out that the 
.' .. .... , .  
crack aspect ratio will influence theease 'of crack propogation 
through triple po~nts. (Fleck et aI, 1910). In coarse grained 
material, crack aspect ratio and hence stress concentration at the 
crack tip, will be high, allowing such crac~s to readi ly grow 
through triple points. The reverse is true for fine gralned 
materials. 
Although the majority of investigations on the influence of grain 
Size on hot ductility have shown that ductility decreases with 
increasing grain size, Fleck et al (1970) in their investigation 
of copper, and Kutumba Rao et al (1975) in their investigation of 
a Cr-Mn-N austenitic steel, have shown that at fine grain sizes, 
creep "ductility can decrease with decreasing grain size (Fig. 2.11) 
Garofalo (1968) attempted to account for both the increase and 
decrease in creep ductility with continually increasing grain size 
by USing the equation:-
i/Jr = 
, 
1 ( 1/ 7T ~) ~ ........ .. 2.13 • 
DA dg 
Where ~r is the reduction in area at fracture, D a constant,A 
the fraction of deformation due to grain boundary sliding, dg is 
the grain diameter, and Ncis the average number of crack nuclei 
Per unit area that lead to fracture. This equation predicts a 
decrease in creep ductility with increasing d if Ncand A remain 
;I 
constant. Decreasing ductility with decreasing grain size will 
OCCur if N, and X increase rapidly at small grain sizes, compen-
sating for the decrease in dg. However, equation 2.12 was derived 
assuming that intergranular cavity growth occurs by grain boundary 
Sliding, and therefore cannot be generally applicable. For example, 
in the work of Kutumba Rao et al (1975), the angular distribution 
of cavities indicated that cavity growth had occurred predominantly 
by vacancy diffusion processes, and so equation 2.12 is not 
applicable to this situation. Kutumba Rao et al have attributed 
their results to the presence of abnormally large grains in an 
otherwise fine grained specimen, the abnormally large grains con-
.; 
trolling the fracture process. 
There appear to be few reports in the literature examlning the 
influence of grain size on the hot ductility of micro-alloyed 
steels. Carlsson (1964) in a study of the hot ductility of Al 
killed steels at temperatures in the range 700 - 1100oC, 
reported no influence of austenite grain size on hot ductility. 
More recently, Ouchi and Matsumoto (1982) showed that the hot 
~. ' 
~ ~, ductility of both C-Mn-Al and C-Mn-Nb-Al steels was independent 
" ?, 
, ' 
, ' . , 
,,' 
of austenite grain size in the range 300 - 1000~m, when tested 
at 900oC. 
G!ain size appears to be an important factor in the transverse 
cracking phenomenon. Schmidt and Josefsson (1974) have observed 
that transverse cracks are associated with coarse austenite grains, 
and that this cracking is reduced when coarse grained structures 
are eliminated by the use of a suitable second~ry cooling pattern. ' , 
\ ' 
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2.7 THE INFLUENCE OF INCLUSI ONS ON HOT DUCTILITY 
It is well known that non metallic inclusions have an extremely 
detrimental effect on hot ductility, and can be a major cause of 
defects during hot working. (Cottingham, 1968; Nicholson et aI, 
~ 
1968; Smith et aI, 1972; Sellars and Tegart, 1972; Gittins, 1977; 
Charles, 1980). The influence of inclusions on hot ductility is 
o~ten apparent in hot workability tests, and for example Robbins 
et al (1961) have shown that in hot torsion tests of irons of 
Varying purity, ductility decreases as inclusion volume fraction 
_ increases. The inclusions act as fracture sites, and during 
hot workings, as described by Sellars and Tegart, three 
situations can be envisaged:-
a. the inclusion fractures . 
b. the inclusion will deform plastically, maintaining continuity 
with the matrix. 
~. decohesion of the inclusion matrix interface will occur. 
rhe size of the cavity formed will be dependant on which of the 
.three processes described above occurs. Case a will produce a 
caVity of similar size to the inclusion, whiLst case c will 
, . 
produce a cavity smaller thap the inclusion. Which. of ~he a~ove 
• 
three processes actually occurs . is d~pendant on th,e deformat~on 
behaviour of the inclusion~ and the strength ,of the matrix 
- -: 
inclusion interface • 
. Inclusion deformation behaviour is now usually_ descr~bed i ,n t~rms 
of .their relative plasticities, i.e. the ratio ,of f~rue ,,~t~c.y.ry ) . . '
~eveloped in the inclusion to true strain develope? in t~e ma~rix. 
The relative plasticity, v , is given by Malkie~icz an~ jRudnik 
r 
(1963) as:-
, > 
= 
'. ' 
. 
. . 
. . ; 
2 In (d/c) ••••••••••• 2.14 
3 In (A07A
l 
r r. .. ". J. .. 
- 1 ~ .: _ .. 
~here c and d are the lengths of the minor and major axes of the 
~ ,. r ~ ... " 
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deformed inclusion (initially assumed spherical), and Ao ana A1 
the initial and final ingot cross section respectively. Gove 
and Charles (1974) have shown that the inclusion hardness, Hi, 
and the matrix hardness, Hm, can be related to 
I.~ = 2 - Hi/Hm ............. 2.15 
l-' by:-
r 
The principle factors controlling v are deformation temperature 
r 
and inclusion composition. Inclusion composition cotrols the 
inclusion liquids temperature and hardness, whilst the hot 
working temperature effects the flow stress of the matrix. The 
influence of temperature and composition on V are illustrated 
r 
for sulphide inclusions in steel in Fig. 2.9. The influence of 
inclusion size on relative plasticity is unclear, but some 
workers have reported that I' increases with increasing inclusion 
r 
size. (Segal and Charles, 1977). 
The relative plasticity of inclusions can influence hot ductility 
during hot working processes. Low values of v are undesirable 
r 
during rolling, as voids have been shown to nucleate 
preferentially on inclusions with low V values. (Kiessling, 
r 
1968; Maunder and Charles, 1980). Also, in h6t working processes 
where tensile forces are present, such as the production of seam-
less tube by piercing, defects are associated with less deform-
able oxide type inclusions, sulphide inclusions ~ being less 
harmful. (Nicholson, 1968). 
Although the influence of inclusion size on relative plasticity 
is uncertain, it has been shown that large inclusions have a more 
detrimental effect on hot workability than smaller .inclusions, 
(Klevebring et aI, 1975; Coward et aI, 1977; Charles, 1980) and 
nUcleate voids preferentially. Waudby (1919) has reve;wed the 
SUbject, and concludes that non deforming inclusions in steels 
above 2-3 pm in , diameter will nucleate voids. 
The roles of inclusions in the transverse cracking of 
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Continuously cast slabs is uncertain, but any e ffect i s l ikely 
to be small, as transverse cracks occur at small strains, 
( - 2%), whereas much larger strains are generally required to 
nucleate voids at inclusions. 
2.8 THE INFLUENCE OF PHASE TRANSFORMATION AND DUPLEX STRUCTURE 
ON THE HOT DUCTILITY OF STEELS 
2.8.1 Phase Transformation 
SeVeral studies have been performed using the hot torsion test 
to investigate the hot ductility of irons (Robbins et aI, 1961; 
ReYnold and Tegart, 1962; Keane et aI, 1968; Wagenaar, 1968). 
The results of these studies all show similar trends, 
irrespective of strain rate or purity; a ductility drop is 
aSSOCiated with the ferrite to austenite transformation and by 
the extrapolation of the hot ductility curves, it is evident 
that austenite is less ductile than ferrite at the same temper-
ature (Fig. 2.12). Robbins et al proposed that the inferior 
ductility of austenite was due to two factors: firstly, the 
self diffusivity of Fe is greater in ferrite than in austenite, 
and secondly, austenite has only 12 active slip systems, as 
°Ppose6 to 48 for ferrite. They attempted to relate self 
diffuSivity, D
s
' and the number of active slip systems, S, to 
ductilty, Rv, using a relation of the form: 
Rv= SDi f (x) •••••••••• 2.16 
s 
, . 
Where f(x) is a function of factors such as purity and the amount 
. 
of grain boundary sliding. However, the later work of Reynolds 
ana Tegart showed that the initial success of 2.16 was fortuitous. 
2.8.2. Duplex Structure 
, , 
. " 
The presence of a duplex structure in an alloy normally leads to . 
redvced ductility, as for example in the stainless steel investi-
sated by Kobayashi et al (1980). The ductility of duplex phase 
alloys is dependent on the volume fraction of each phase, their 
distribution and their relative ductilities. For example, Muller 
'k ,r-
(1967) has shown that hot ductility is a minimUm for duplex stain-
l~ss steels with approximately 30% ~ ferrite, since interphase 
.cr.acking is particularly severe for this composition. McQueen 
and Jonas (1975) have suggested that the decrea;e in the hot 
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ductili t y of dupl ex sta i n ~ess steE_5 asso:i a ted with increas i ng 
~ ferrite volume frac t ions is du e t o t he inhi biti on of 
dynamic recrystallization i n the Y phase by restricting grain 
boundary mobility. Investigations into the hot torsional 
ductility of irons revealed low ductility failures caused by the 
presence of an extended ( a + y ) region, owing to impurities 
present in the irons (Robbins et aI, 1961; Reynolds and Tegart, 
1962; Keane et aI, 1968). Reynolds and Tegart observed in the 
two phase region, fracture generally occurred in the ferrite, 
although in some cases, cracking was observed at large inclusions 
or the ferrite-austenite interface. 
More recently, hot tensile tests have been performed on plain 
carbon and micro-alloyed steels to determine whether the ductility 
loss associated with the two phase region is responsible for 
transverse cracking in continuously. cast slabs. Some of these 
tests have produced conflicting results. Bernard et al (1978) 
observed that after solution treatment, the austenite to 
ferrite transformation lead to an improvement in hot ductility 
for a range of C-Mn-Al and C-Mn-Nb-Al steel~. Wilcox and Honey-
Combe(1984) reported little influence of transformation on the 
hot ductility of C-Mn, C-Mn-A1 and C-Mn-Nb-Al steels. In con-
trast, other authors have reported ductility uroughs apparently -. 
associated with the two phase region for C-Mn and C-Mn-Al steels 
(Mintz and Arrowsmith, 1979; Yamanaka et aI, 1980; Wray, 1981, 
Suzuki et aI, 1982). In these steels, fracture has been 
observed to occur within the pro-eutectoid ferrite at precipi-
, 
tates and inclusions. In accord with this idea, Yamanaka et a1 
showed that by increasing the Al content of a C-Mn-Al, and 
hence increasing the volume fraction of AIN precipitator within 
the pro-eutecoid ferrite, ductility was reduced. For C-Mn-Nb-
Al and some C-Mn-Al steels, it is believed that the phase trans-
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lc>r r:a ~ i on is of s econdary i mporta r,u:' i IJ con t ro~ J i ne: :, c, t du e t i J i ty , 
as t he l os s of duc t il ity assoc i ated wi th AIN and NbCN pr ecipi -
tat i on i s domi nant. 
M2ehara, 1984). 
(Ouchi and Matsumoto, 1982; Ohmori; and 
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2.9 THE INFLUENCE OF COMPOSITION ON THE HOT DUCTILITY OF STEELS 
2.9.1 Nb 
The adverse effect of Nb on the hot ductility of steels first 
became evident when Nb additions were made to heavy forgings 
and castings to achieve grain refinement (Kazinczy, 1965; Vodo-
pivec, 1975). Hannerz et al (1968) identified extensive preci-
pitation of NbC in these heavy castings, and attributed ingot 
cracking to intergranular embrittlement due to NbC and MnS 
precipitation at austenite grain boundaries. 
In more recent years, it has been shown that Nb micro-alloyed 
steels can be particularly prone to transverse cracking during 
the continuous casting process (Brimacombe and Sorimachi, 1977). 
Mintz and Arrowsmith (1979) have shown that Nb levels strongly 
effect the cracking of continuously cast slabs, distressed casts 
increasing from 0 to 30% as Nb levels incr;eased from 0.008 to 
0.025 wt . % (Fig. 2.13). 
This relationship between transverse cracking and Nb content has 
led to numerous investigations into the hot ductility of micro-
alloyed steels, using hot tensile tests at s~ain rates and 
temperatures designed to simulate the continuously cast slab · 
straightening process (Hasebe, 1972; Schnabel et aI, 1976; Bernard 
et aI, 1978; Mintz and Arrowsmith, 1979; Ouchi ~nd Matsumoto, 198~; 
Maehara and Ohmori, 1984). These investigations have all shown that 
Nb additions to C-Mn and C-Mn-Al steels produce an extended 
. , 
ductility trough, the depth and width of which increases with 
increasing Nb levels (Fig. 2.14). This ductility trough has been 
shown to extend over the temperature range 700 - 1000oC, the 
temperature range over which the straightening of continuously 
cast slab occurs. 
Fractographic studies have revealed that at temperatures above and 
below the ducti"l1ty trough, the fracture mode is transgranular 
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are assoc i ated wi U , :·ail u r' ';:.: at al1s t en i t e g ra in bounda r ie.s when 
the steel is full y austenit i c, and f racture within this pro-
eutectoid ferrit e fil ms when the steel is in the two phase region 
(Ouchi and Matsumoto, 1982 ; Maehara and Ohmori, 198~). In the 
two phase region, the fracture mode is intergranular micro void 
co-alescence. Ouchi and Matsumoto showed that hot ductility 
increased with increasing ferrite thickness, and they concluded 
that since composition had little influence on hot ductility in 
the two phase region, ferrite thickness was the most important 
factor controlling hot ductility in this region. 
In the low temperature austenite region, Ouchi and Matsumoto 
reported intergranular fracture characterized by a wavy pattern 
on the grain facets. However, Mintz and Arrowsmith , and Maehara 
and Ohmori have observed the micro-void coalescence mode of 
fracture in the single phase austenite region, and Maehara and 
Ohmori have suggested that these micro voids are formed by 
decohesion of the NbCN-matrix interface. 
Observations of precipitates of NbCN on fracture surfaces are few, 
due to the small size of the precipitates, which is often below 
SEM resolution limits. Wilcox (1982), although not examining 
grain boundary precipitates from fractured samples, used a hydrogen 
embrittlement technique to expose austenite grain boundaries, and 
Used carbon extraction replicas to examine precipitation. Wilcox 
was able to show that using suitable thermal cycles, NbCN pre-
cipitates were present at austenite grain boundaries prior to 
deformation. Ouchi and Matsumoto used the carbon extraction 
replica technique to identify fine (20ow) NbCN precipitates, which 
were found to be present on the fracture surfaces of steels which 
had failed in an intergranular manner. An examination by Cochrane 
(1982) of SUbsurface cracks in continuously cast slabs of Nb micro_ 
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alloyed steels revealed a fracture surface characterized by 
micro voids containing MnS (50 - 70%), AlN (23 - 33%), oxide 
inclusions (3 - 14%), but only - 3% were NbCN. 
Bernard et al (1978) attributed the ductility trough in Nb 
containing steels as being due to the retardation of dynamic 
recrystallizstion associated with Nb additions (see section 
2.3.3.). He proposed that fracture in these steels occurred 
before the critical strain for the nucleation of dynamic 
recrystallization was reached, and supported this argument 
with metallographic eviaence of coarse, un-recrystallized 
austenite grains in low ductility tests. Wilcox and Honeycombe 
(1984) have confirmed this explanation of the ductility trough 
for C-MN-Nb-Al steels, for which a good correlation exists 
between the onset of dynamic recrystallization (as determined 
from stress-strain curves), and the recovery of ductility. 
However, for a C-Mn-Nb steel, Wilcox and Honeycombe showed that 
precipitation of NbCN, rather than dynamic recrystallization 
was the dominant factor controlling hot ductility. Mintz and 
Arrowsmith (1979) proposed the more general argument that poor 
ductilities were associated with low grain boundary mobilities 
due to the precipitation of NbCN. They showed that hot ductility 
increased with increasing change in austenite grain size relative 
to the solution treated grain size. 
In accord with this idea, Mintz and Arrowsmith showed that 
decreasing precipitate size reduced hot ductility, since, for a 
given volume fraction, fine precipitates reduce grain boundary 
mobility more than coarse precipitates for a given volume 
fraction. (Gladman and Pickering, 1967). To support this idea, 
they showed that increasing the cooling rate from the solution 
temperature reduced hot ductility by refining the size of the 
NbCN precipitates. 
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The prime importance of precipitation in controlling hot ductility 
of Nb micro-alloyed steels was further emphasized by Ouchi and 
Matsumoto (1982), who used a variety of thermal cycles to alter 
the precipitate distribution, and hence hot ductility. 
As well as influencing hot ductility by reducing grain boundary 
mobility, it has been suggested that the extensive matrix 
precipitation of NbCN sometimes observed in Nb micro-alloyed steels 
concentrates strain at the grain boundaries, hence promoting inter-
granular fracture and low ductility (Bernard et aI, 1978; Wilcox 
and Honeycombe, 1984; Maehara and Ohmori, 1984). 
It is well known that deformation accelerates the precipitation of 
NbCN in austenite, and that this dynamic precipitation is finer 
than the equivalent static precipitates at the same temperature 
(Weiss and Jonas, 1980). This led Mintz and Arrowsmith to propose 
that dynamic precipitation of NbCN would have a greater detrimental 
effect on hot ductility than static precipitation. 
However, Ouchi and Matsumoto were of the opinion that as it is 
likely that the most important nucleation sites for dynamic 
precipitates are on dislocations and sub-boundaries within the 
matrix, dynamic precipitates would have little influence on grain 
boundary mobility. Wilcox and Honeycombe in their study of C-Mn-Nb 
and C-Mn-Nb-Al steels concluded that dynamic precipitation of NbCN. 
both intergranular and transgranular, had a greater detrimental 
effect on hot ductility than precipitates present before the start 
of deformation. 
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2 . ~ . 2 Al 
In the late fifties, the phenomenoD of i:lgo t panel c r ' a cki ~r of 
plain carbon and low all oy steels treated wi th aluminiu~ for 
grain size control first became apparent (Desai, 1959 ; Biggs , 
1959). It was shown that cracks occur internally and propogate 
to the surface as a result of thermal stresses set up during the 
cooling of the ingot. The cracks follow the ferrite networks at 
the prior austenite grain boundaries, which implies that they 
OCcur at a temperature below that at which the ferrite is formed. 
It was also shown that basic electric arc steels were more prone 
to panel cracking than basic D.H. steels, and the defect was 
rarely experienced in the case of the acid D.H. process. In 
addition a significant relationship was found between the incidence 
of cracking, and the Al content of the steel, the incidence 
increasing as the Al content increased. Intergranular cracking 
of ingots was later shown to be associated with the precipitation 
of AIN at the austenite grain boundaries (Woodfine and Quarrelt, 
1960; Wright and Quarrell, 1962). In a later investigation of the 
hot workability of as cast structures, Harding et al (1977) also 
attributed poor ductilities to AlN precipitation. 
As well as ingot cracking, forging difficulties were sometimes 
experienced with certain low alloy steels containing Al (Erasmus, 
1964). Forging break up was due to intergranular failure caused 
by AlN preCipitation. Low alloy steels containing Ni were 
particularly susceptible to this form of defect, as Ni raised the 
solution temperature of AIN. This can lead to AIN being present 
at the forging temperature, promoting intergranular failure. A 
more recent study by Ericson (1977) has confirmed that ingot panel 
cracking can be due to the preCipitation of AIN in pro-eutectoid 
ferrite networks. 
Carlsson (1964) demonstrated that AIN can also lead to high 
~emperature, intergranular failure in wrought as opposed to 
cast, structures, when hot tensile tests are performed at 
sufficiently low strain rates. Furthermore, as the strain 
rate is a~creased, the hot ductility is found to decrease, 
leading to the formation of a ductility trough in the 
temperature range 800 - 1000 0 C, when the steel is fully aus-
tenitic. 
More recent studies have confirmed this work, and shown that 
increasing Al levels in C-Mn-Al steels decrease hot ductility 
(Funnell and Davies, 1978; Vodopivic, 1973 Bernard et aI, 1978; 
Ouchi and Matsumoto, 1982). As in cast structures, it is AIN 
that is responsible for the ductility loss, and for a given AIN 
volume fraction, smaller AIN precipitates are more detrimental 
to hot ductility (Vodopivec, 1978; Funnell and Davies, 1978). 
FUnnell and Davies have explained this effect as being due to 
grain boundary pinning at lower strain rates, and to the 
retardation of dynamic recrystallization at higher strain rates. 
Wilcox and Honeycombe (1984) have shown a close correlation 
between the onset of dynamic recrystallization and the hot 
ductility of a C-Mn-AI steel - ductility improved rapidly when 
a strain sufficient to nucleate dynamic recrystallization could 
be applied before fracture. 
PreCipitation of AIN occurs slowly after solution treatment, but 
the rate is increased by the application of strain (Vodopivec, 
1973). It has been shown by Vodopivic (1978) and Wilcox (1982) 
that static AIN precipitates, as opposed to dynamic, are more 
detrimental to hot ductility. 
The Slow rate of AlN precipitation after solution treatment means 
that under appropriate cooling conditions, Al has little influence 
on hot ductility. Mintz et al (1980) showed that Al additions to 
a C-Mn steel made no difference to hot ductility when the steels 
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were cooled at 60 oC/min. after solution treatment. This cooling 
rate was sufficient to suppress AIN precipitation. 
Al additions have a severe detrimental effect on the hot ductility 
of C-Mn-Nb steels, as shown in Fig. 2. 15 (Mintz and Arrowsmith, 
1979). This effect is due to the refinement of Nb(CN) precipitates, 
which leads to a reduction in grain boundary mobility, rather 
than increased AIN precipitation. In fac ·t, AIN precipitation was 
only observed in these steels for soluble Al levels > 0.07%, 
using a 60°C/min. cooling rate. Mintz and Arrowsmith proposed 
that this refinement of Nb (eN) was due to an increase in the 
driving force for Nb (CN) precipitation with increasing Al levels. 
2.9.3 . Ti 
Desai (1959) and Biggs (1959) showed that ingot panel cracking 
in Al grain refined steels could be reduced by the partial 
replacement of Al with Ti. Woodfine and Ouarrell (1960) obtained 
similar results, and also showed that Ti additions reduced the 
amount of AIN precipitation at the austenite grain boundaries. 
A later investigation by Ericson (1977) concluded that the amount 
of pro eutectoid ferrite in castings was an important factor in 
determining their ductility and that the retardation of the 
austenite to ferrite transformation associated with Ti additions 
improved ductility. In addition, Ericson showed that TiN, which 
formed in preference to AIN, was precipitated uniformly throughout 
the steel, whereas AIN tended to precipitate at austenite grain 
boundaries leading to low ductility intergranular failures. 
In addition to reducing ingot cracking, Ti additions have been 
shown to have beneficial effects on hot ductility during high 
temperature mechanical testing. Stone and Murray (1965) and 
Harris and Barnard (1968) have reported that Ti additions to low 
alloy steels improve their creep ductility. Mintz et al (1980) 
investigated the influence of Ti on the hot ductility of micro-
alloyed steels using hot tensile tests and a cooling rate from 
solution temperature of 60 oC/min., to approximate that experienced 
during continuous casting. They noted an improvement in the hot 
ductility of C-Mn-Al steels with Ti additions. However, these 
results could not be explained by the preferential formation of 
TiN as opposed to AIN, since the rapid cooling rate employed 
sUppressed the precipitation of AlN. They attributed the obser.ved 
~mprovement of ductility to the fine austenite grain size produced 
by the stable TiN precipitates. 
Although Ti additions have improved the hot ductility of C-Mn-Al 
steels, they have been less successful in improving the hot 
ductility of C-Mn-Nb-AI steels, since grain boundary precipitates 
of NbCN are still formed. (Mintz and Arrowsmith, 1980) Ouchi and 
Matsumoto (1982) also investigated the hot ductility of C-Mn-Nb-
Al steels with Ti additions, under similar cooling conditions to 
those used by Mintz and Arrowsmith. Ductility was improved by the 
addition of 0.018 Wt.% Ti and this was attributed to the grain 
refining effect of TiN precipitates, and also to the reduction of 
N available to form NbCN. Coleman and Wilcox (1985) have 
reported a reduction in transverse cracking which is associated 
with Ti additions, and have attributed this to a reduction in AIN 
precipitation. However, Ti additions cannot always be made to Nb 
grades to be used in the as rolled or normalised conditions, since 
strength and toughness are impaired. 
Although in some cases, partial replacement of Al by Ti will 
improve hot ductility, this is not always the case. As pointed 
out by Funnell and Davies (1978), only thermal cycles which produce 
coarse evenly distributed TiN particles which are less effective 
in pinning grain boundaries can be expected to improve hot 
ductility. When they used a thermal cycle producing fine TiN 
precipitates which pinned austenite grain boundaries, low ductility 
failures were observed. 
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2.9.4 V 
Harris and Barnard (1968) reported that hot cracking of certain 
low alloy steels containing 0.3%V was due to the precipitation 
of VN at austenite grain boundaries. These precipitates were 
thought to act as crack nucleation sites, and to inhibit dynamic 
recrystallization. Later investigations by Hasebe et al (1972), 
Mintz and Arrowsmith (1980) and Coleman and Wilcox (1985) using 
hot tensile tests in the temperature range 650 - 1050 0 C showed 
that V additions to C-Mn steels deepened (Hasebe et all or 
broadened (Mintz and Arrowsmith, Coleman and Wilcox) the ductility 
trough normally associated with the austenite to ferrite trans-
formation in C-Mn steels. These results indicate that V has a 
slight detrimental effect on the hot ductility of steels, although 
far less severe than that associated with Nb. Coleman and Wilcox 
showed that the slight detrimental effect of V can be reduced by 
the addition of Al. They explained these results by the decrease 
in intragranular VN precipitation, due to the preferential 
formation of AIN. This produces a reduction in matrix hardening 
by VN, and hence a more uniform strain distribution between matrix 
and grain boundary. 
Gittins and Muller (1974) investigated the strength and ductility 
of C-Mn steels with V additions, using a hot impact test 
prOducing a strain rate of 5S- 1• They showed that over the 
temperature range 850-1200 o C, V additions of up to 0.07% had little 
effect on either strength or ductility. 
2.9.5 Sand Mn:S ratio 
It has been believed for many years that the hot s~ortness 
exhibited by some steels in the temperature range 900 - 1150 0 C 
is due to the presence of the low melting point compound FeS, 
which forms liquid films at the austenite grain boundaries 
(Kiessling, 1968). To prevent FeS formation a theoretical Mn:S 
ratio of 1.7 is required, although in practu.e much higher 
ratios are commonly used. The optimum Mn:S ratio necessary to 
prevent hot shortness in low S and high S steels has been the 
subject of a review by Mintz (1973), which concluded that for 
both low and high S steels, hot workability is markedly reduced 
below Mn:S ratios of 2-3. However, the optimum Mn:S ratio 
varies for high S and low S steels: for low S steels, the 
optimum ratio appears to be in the range 15-30. For high S 
steels, this optimum ratio appears to be lower, in the region of 
4. 
S itself is also detrimental to hot workability, even when the 
Mn:s ratio is sufficiently high to prevent FeS formation (Bellot 
and Gantois, 1978). High S steels have a larger volume fraction 
of MnS inclusions which can reduce hot workability, as discussed 
in section 2.7. S also has a marked detrimental effect on hot 
ductility near the solidus temperature (Sopher, 1958), and this 
is believed to be due to the presence of liquid films in the 
inter dendritic regions which do not freeze until temperatures 
well below the solidus are reached (Brimacombe and Sorimachi, 
1977). 
The hot tensile testing below 1200°C of C-Mn and C-Mn-Al steels 
with Mn:s ratios below 60 has revealed that after certain thermal 
cycles, low ductility intergranular failures can occur (Lankford, 
1972; Wilber et aI, 1975; Suzuki et aI, 1982; yasumoto et aI, 1985) 
The loss of ductility during cooling below 1200 0 C is strongly 
~ 
dependent on the Mn:S ratio and thermal history of the steel. 
The effect of thermal history is complex, but it can be said 
that hot ductility is decreased with increasing cooling rate, 
increased solution temperature, and decreased isothermal holding 
time at the test temperature. Matsubara (1966) has attributed 
the loss of ductility to matrix hardening of austenite by the 
precipitation of sulphides, an explanation which is supported by 
the high temperature strength measurements of Yasumoto et al. 
Lankford has proposed that low ductility failures result from 
the precipitation of liquid droplets of FeS at austenite grain 
boundaries, which then form easy paths for crack propogation. 
Weinberg (1979) has proposed that reheating causes local melting 
of solute rich pockets which subsequently spread along the grain 
boundaries, leading to brittle intergranular failure at the lower 
test temperature. Suzuki et al (1982) have identified sulphides 
and oxides on intergranular fracture surfaces, whilst Yasumoto 
et al have shown using C extraction replicas, that intergranular 
failures are associated with extensive grain boundary and-matrix 
preCipitation of (Mn, Fe)S. 
It is unlikely that this form of high temperature embrittlement 
influences the transverse cracking of micro-alloyed continuously 
cast slabs, as these grades of steels typically have Mn:S ratio 
greater than 70, a composition which is not susceptible to this 
form of cracking (Weinberg; 1979). 
Mintz (1979) simulated the continuous casting of a C-Mn-Nb-Al 
steel using a Gleeble machine, and has shown that S levels in 
the range 0.001 to 0.022 Wt.% have no influence on hot ductility 
in the temperature range 750 to 1000oC. This implies that S has 
no influence on transverse cracking, although S may be important 
in crack formation near the solidus temperature. Despite this 
apparent lack of influence of S on hot ductility, Coleman and 
~ 
Wilcox (1985) have reported that MnS particles act as cavity 
nucleation sites during transverse cracking, and that the 
removal of MnS particles from grain boundaries by rare earth 
treatment reduces transverse cracking. 
2.9.6 C 
Investigations into the influence of C content on the hot ductility 
of steels have concentrated on two temperature regimes - between 
500 and 1,200 o C, or ductility near the melting point. 
Hot ductility tests near the melting point have shown that brittle 
failure can occur at temperatures approximately 30°C lower than the 
solidus temperature. (Weinberg, 1979). This behaviour has been 
attributed to incipient grain boundary melting. Increasing C 
content, by lowering the solidus temperature, lowers the temperature 
at which this form of brittle failure can occur. Morozenskii et 
al (1965) have found that at temperatures just below the solidus, 
fracture strain is at a minimum for steels with C contents in the 
range 0.17 to 0.20%C. This effect may exacerbate cracking during 
continuous casting. For example, Brimacombe and Sorimachi (1977) 
have reported an increase in longitudinal mid face cracks for 
steels with C levels around 0.12%. In the lower temperature 
regime, Robbins et al (1967) examined the influence of C contents 
between 0.1 and 1.1% on hot workability using a hot torsion test. 
Below the Al temperature, hot ductility is first increased by 
small additions of C, then decreased at C levels above 0.1%. 
They attributed this behaviour to the decrease in ferrite grain 
size associated with C contents of less than 0.1%. Above the A3 
temperature, ductility increased with increasing C content. Robbins 
et al proposed that these results could be explained by the 
increased self diffusion rate of iron in austenite with increasing 
C content. However, later work by Gittins et al (1971) showed that 
a stronger correlation was found between 0 content and ductility 
than C content and ductility. Gittins et al therefore attributed 
the increase in ductility with increasing C content as being due to 
the decrease in volume fraction of oxide inclusions associated with 
h' ~gher C contents. The previous investigations were performed 
using high strain rate hot torsion tests, and it appears that 
there have been few investigations into the influence of C on 
hot ductility at intermediate strain rates. Ouchi and Matsumoto 
(1982) investigated the influence of C on the hot ductility of 
a micro-alloyed steel in the temperature range 600 - 1000oC. 
For C contents in the range 0.081 to 0.20%, no change in hot 
ductility was observed. An extensive investigation by Wray (1984) 
covered steels with C contents in the range 0.007 to 1.89%C. 
Severe embrittlement of the hyper-eutectoid was observed in the 
pearlite and cementite, and austenite and cementite region of 
the phase diagram. 
61 
Other Elements 
P It is well known that during solidification, P segregates 
strongly between growing dendrites, and it has been shown that 
high P levels can lead to internal cracks in continuously cast 
slabs (Fujii et aI, 1975; Brimacombe and Sorimachi, 1977) 
Fractography of internal cracks formed near the solidus temperature 
has revealed smooth fracture surfaces, which is often indicative 
of the presence of a liquid film at the time of crack formation. 
In accordance with this picture, it has been shown that P 
drastically reduces strength and ductility near the solidus 
temperature (Sopher, 1958). Thus increasing P levels can lead to 
increased cracking in steels at temperatures from 13400C to 
the solidus temperature. 
The influence of P on the formation of transverse cracks, which 
propogate at much lower temperatures, is less certain. Mintz and 
Arrowsmith (1979) have reported a slight beneficial effect of 
increasing P levels on the hot ductility of C-Mn-Nb-AI steels. 
They have suggested that this is due to P atoms reducing the 
nUcleation of NbCN at grain boundaries, by occupying NbCN nucleation 
sites. However, Ouchi and Matsumoto (1982) have reported that P 
levels between 0.004% and 0.026% have no influence on the hot 
ductility of C-Mn-Nb-AI steels. 
o o effects the hot ductility of steels mainly through its influence 
on the amount and composition of oxide inclusions (Gittins, 1977). 
In general, inclusions have a strong detrimental effect on hot 
ductility, as discussed in section 2.6, thus increasing 0 content 
redUces hot ductility by increasing the volume fraction of oxide 
inClUSions. In addition, 0 may increase the relative plasticity of 
Sulph O 0 lde lnclusions (Smith et aI, 1972) which may decrease hot 
ductility, 6 as described in section 2 .. 
~ Desai (1959) reported that the partial replacement of Al with 
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Zr was ineffective in reducing panel cracking in ingots. Woodfine 
8nd Quarrell (1960) also confirmed that in Al killed castings, Zr 
additions did not prevent " cracking. However, Coleman and Wilcox 
(1985) have reported that Zr additions to C-Mn-Nb-Al steels improve 
hot ductility, in tensile tests due to a reduction in A1N 
precipitation. 
Ca, Ce, La (Sopher, 1958) reported that additions of misch metal 
(Ce 45-50%, La 30%, 20 - 25% other rare earths) additions to C-Mn 
steels improved hot ductility near the melting point. This was 
attributed to the reduced S levels associated with increasing misch 
metal additions, and also to the formation of rare earth sulphides, 
with high melting points. Coleman and Wilcox (1985) have reported 
that Ca or Ce additions can produce crack free continuously cast 
slab, due to the removal of sulphides from austenite grain 
boundaries as the rare earth sulphides solidify in the melt. 
~ Mintz and Arrowsmith (1980) and Ouchi and Matsumoto (1982) showed 
that increasing N level in C-Mn-Nb-Al steels produce a small 
reduction in hot ductility. Ouchi and Matsumoto attribute this 
effect to the formation of Nb CO.IS in low N steels, as opposed to 
Nb CO.6 NO.2! in steels with N >0.005%. They proposed that Nb CO.6 
NO. 25 precipitates more rapidly in austenite than Nb CO.85, leading 
to larger volume fractions of precipitate in the higher N steels. 
Ouchi and Matsumoto also showed that increasing N levels produced a 
slight reduction in the hot ductility of C-Mn-Al steels. 
~ Bellot and Gantois (1978) have shown that steels with Mn:Te of 
less than 4.2 show poor hot ductility, due to the formation of iron 
telluride compounds with low melting points, leading to cracking of 
the hot shortness type. 
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Group 
A 
B 
Table 2.1 
Example Dynamic Static 
Al, P-Fe, Recovery Recovery 
ferritic (all strains) followed by 
alloys re-crystalli-
zation 
Cu, Ni, F-Fe, Recovery Very limited 
austenitic (small strains) recovery, 
alloys followed by 
re7crystalli-
za't1on 
' -
Re-crystalli-
zation 
(large strains) 
Possible softening processes associated 
with hot deformation (from Sellars & 
Tegart, 1972) 
Fig .2.1 Cold machine scarfed slab showing transverse cracking . 
Fig .2.2_ SI b 
- a which had been partially rolled showing severe 
transverse edge cracking . 
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Fig. 2.8 Influence of strain rate on the hot ductility of a 
C-Mn-Nb-Al steel. (After Mintz and Arrowsmith 1979) 
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Pig. 2..:1 Variation of relative pla-sticity of sulphide inclusions 
with deformation temperature and oxygen content. (After 
Charles, 1980) 
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Fig. 2.10 Variation of ductility with temperature and 
grain size for Magnox A. 180. (From Evans, 1969) 
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Fig. 2 . 11 Variation of ductility with temperature and grain 
size for a Cr-Mn-N Austenitic steel, showing decrease 
in ductility at fine grain sizes. (From Kutumba-
RaO et aI, 1975) 
Fig. 2. "1.2 Hot ductility of irons tested in hot torsion. 
(From Robbins et aI, 1961) 
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Fig. 2.13 Influence of Nb on the transverse cracking of 
continuously "cast slabs. (From Mintz and 
Arrowsmith, 1979) 
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Fig. 2.14 Influence of Nb on the hot ductility of C-Mn-Nb-A1 
Steels. (After Mintz and Arrowsmith, 1979) 
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Fig. 2.15 Influence of Al on the hot ductility of C-Mn-Nb-Al 
steels. (After Mintz and Arrowsmith, 1979) 
CHAPTER 3 
Experimental Techniques 
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3.1 INTRODUCTION 
High temperature mechanical tests can be divided into two classes: 
creep tests, in which stress is the independent variable and strain 
rate the dependent variable; and hot workability tests in which 
strain rate is the independent variable and stress the dependent 
variable. Creep tests generally study materials behaviour in the 
temperature range 0.4 - 0.7 Th, where Th is the homologous 
temperature, and stresses which produce strain rates of less than 
-1 
s The hot workability test is designed to simulate a 
particular hot working process, and so such tests cover an 
extremely wide range of temperatures and strain rates. 
The information generally required from a hot workability test are 
hot strength measurements, and some indication of the plastiC flow 
and fracture behaviour of the material at high temperature. Previous 
stUdies into the transverse cracking of continuously cast slabs 
have concentrated on examining the fracture process, and have 
reported the variation of fracture strain with temperature, compo-
Sition and strain rate. 
Many tests have been used to determine ductility under hot working 
conditions, but the only ones capable of providing quantitive 
information on fracture behaviour are the torsion test, impact test 
and tenSile test. The first two of these tests have been used to 
Simulate hot rolling processes, for which it is necessary to apply 
high strain rates and large strains. The tensile test is not suit-
able for SUch work, because of the difficulty in obtaining high 
strain rates, and in applying large strains before sample necking 
begins. However, the hot tensile test has proved very popular in 
the stUdy of transverse cracking, since such cracks form at strains 
of betWeen 1 and 2% (section 2.2.2), a strain usually below ~the 
value reqUired for sample necking. 
Ductilities from the hot tensile test can be measured by al the 
amount of uniform elongation, bl the total elongation at fracture, 
or cl the reduction in area at the point of fracture. Uniform 
elongation can be a useful measure of fracture strain if little 
or no necking has occured, as sometimes happens with brittle, 
intergranular fractures. However, it is not a suitable parameter 
for comparing the wide range of ductility levels which occur when 
the test temperature is varied over a wide range. Total elongation 
at fracture comprises components of uniform elongation, and 
elongation due to necking. The values of these two components 
are a complex function of test temperature, strain rate, composition 
and microstructure. This makes comparison of total elongation 
measurements over, for example, a wide range of temperatures, 
difficult, since at different temperatures, identical elongation 
measurements may be made from samples having very different fracture 
geometries, and hence different fracture strains. Reduction in 
area measurements provide quantitive information on fracture strain 
at the point of fracture, irrespective of sample fracture 
geometries. This fracture strain, fj , is related to the initial 
cross sectional area, Ao, and final cross sectional area, ~, by:-
~ = In (Ao/A. l •••••••• 3.1 
Thus reduction in area is suitable for the comparison of ductility 
over a wide range of temperatures, and is the parameter used in the 
present study. The experimental details of the measurement of 
reduction in area are given in section 3.2.4 . 
One of the principal disadvantages of the simple tensile test is 
that of the difficulty in maintaining a constant true strain rate 
as straining proceeeds. As straining proceeds in a tensile test 
USing a constant cross head speed, true strain rate at the point 
of fracture initially falls, as the sample elongates uniformly, 
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but rises rapidly as heterogeneous deformation commences, and 
most of the strain is concentrated in the neck. (Fig. 3.1) 
Since flow stress and fracture strain are generally strain rate 
dependent, this is potentially a serious short coming of the 
tensile test in the study of hot ductility. Methods for 
maintaining constant true strain rates have been developed, as 
discussed in detail by Moore (1968), but these can be complex 
and expensive. However, hot ductility is relatively insensitive 
to changes in strain rate, often requiring a change in strain 
rate of a factor of 10 to produce noticeable changes in ductility. 
(Suzuki et aI, 1982) Since the changes in strain rate as 
straining proceeds. are usually less than this, tensile tests 
Using constant crosshead speeds have proved adequate for the 
study of hot ductility. Another potential disadvantage of the 
tensile test is the hydrostatic stress state set up in a necked 
sample. Such stress states can have a strong effect on increasing 
the rate of growth and coalescence of voids nucleated at inclusions 
within the specimen, an effect not present under the original hot 
working conditions when such a hydrostatic stress state is not 
present. 
De! pite these potential drawbacks, the simple hot tensile test 
Using a constant cross head speed has proved quite adequate for 
hot ductility studies aimed at simulating the continuous casting 
process. 
In the present study, hot tensile tests using constant cross head 
speeds have been used. Three different hot tensile. tests were 
Used, and are described and compared 1 n section 3.2. The metallo-
graphic techniques used to study precipitation are described in 
section 3.3. 
. , 
3.2 HOT TENSILE TESTS 
3.2.1 Gleeble Test 
The Gleeble machine has proved a popular method of investigating 
hot ductility. and .has been u~ed by Bernard et al (1978). Mintz 
and Co-workers. Ouchi and Matsumoto (1982) and Suzuki et al (1982). 
In their investigation. Mintz and Arrowsmith (1979) concluded that 
laboratory hot tensile tests performed using a Gleeble machine 
could be Used to predict the transverse cracking behaviour of 
continuously cast slabs. 
The Gleeble equipment of the BSC Swinden Laboratories was used to 
perform the tests detailed in chapter 4. The Gleeble test specimen. 
having a diameter of 6.35 mm and gauge length of 165 mm is shown in 
Fig. 3.2. Heating is by electrical resistance. which produces a 
uniform temperature in a region approximately 1 cm in length. The 
tests were performed in an argon atmosphere. and the initial strain 
rate used was 3 x 10-3 s-1 Mintz and Arrowsmith (1979) have 
given an indication of the repeatability of the Gleeble test by 
performing 6 identical hot tensile tests. They reported that the 
standard deviation about the mean reduction in area of 36% was =3%. 
3.2.2 Instron Tests 
The second piece of tensile test equipment used was an Instron 
model 1026 equipped with a split platinum wound furnace. illustrated 
in Fig. 3.4 The tensile samples. having diameter 5.04 mm and 
gauge lengtn 25.4 are shown in Fig. 3.3. Temperature control was 
by means of a Pt v Pt 13% Rh thermocouple connected to a purpose 
bUilt Isoheat temperature controller unit. capable of maintaining 
fixed heating and cooling rates. Thermocouples were attached to 
a dummy sample. and this showed that the temperature controller 
unit reading was 10DC higher than the actual sample surface 
temperature. and that the temperature difference along the sample 
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gauge length was less than 5°C. Test temperatures were taken to 
be the sample surface temperature. i.e. 10 0 e l~ss than temperature 
controller reading. Tests were conducted in a flowing argon 
atmosphere. and the samples were also nickel plated. as decribed 
in Appendix 1. to prevent decarburization. This procedure 
restricted the decarburized layer to a thickness of 0.1 mm. 
TenSile tests were performed using constant cross head speeds in 
the range 0.75 mm s-1 to 7.5 x 10-3 mms- 1 An indication of the 
scatter on the results was obtained by repeating five tensile 
tests. The standard deviation about the mean reduction in area of 
55% was ~ 4%. 
3.2.3 Induction heating tests 
To enable rapid changes in sample temperature, and also to enable 
SpeCimens to be cast 'in situ'. tensile testing equipment using 
induction heating, was employed. The equipment is shown 
SChematically l.°n F O 3 5 19. •• Test samples having diameter 7.9 mm 
and gauge length 80 mm, are shown in Fig. 3.6. Sample temperature 
was monitored using a Pt v Pt 13% Rh thermocouple at the sample 
centre. The induction coil provided a zone of uniform temperature, 
- 40 mm long, the sample temperature distribution being shown 
in Fig. 3.7. Any samples which failed outside this zone of uniform 
temperature was discarded. Tests were conducted in a flowing argon 
atmosPhere, and samples were strained to failure using a Houns-
fi I -1 
e d Tensometer, with a constant crosshead speed of 0.04 mm s 
ASsuming that the effective sample gauge length is 50 mm, this 
corresponds to an initial strain rate of 10-3 5-1• Repitition of 
5 tests gave a standard deviation of 5% about the mean reduction in 
area values of 45%. 
Measurement and Comparisons of Reduction in Area 
To obtain reduction in area values from fractured tensile samples, 
the fractured ends were examined under a low power (X10) micro-
scope, and 10 measurements of the diameter at fracture to the 
nearest 0.1 mm taken. Reduction in area values were then 
calculated, assuming that the cros~ section of the fractured 
samples remained circular. 
Fig. 3.8 compares reduction in area values measured from samples 
fractured using Gleeble, Instron and induction testing apparatus. 
These results show a good correspondence between the tests, so that 
results from the various testing apparatus can be interchanged with 
confidence. 
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3.3 CARBON EXTRACTION REPLICA PREPARATION AND EXAMINATJO~ 
Samples for replication were first ground f l at, and the area to 
be examined was defined by the application of a non-conducting 
lacquer. The sample was then .electropolished for three minutes 
Using an electropolishing solution consisting of 200 parts 
ethanol, 100 parts 2 - butoxyethanol and 52.5 parts perchloric 
acid. The electropolishing solution was cooled to OOC, and 
electropolishing carried out at IIV, using a stainless steel 
cathode. After electropolishing, the sample was etched for 
approXimately 30 s using a 2% nital solution, and then a carbon 
film was evaporated onto th f t f e prepared sur ace a a pressure 0 
10-4 torr. The carbon film was then scribed into 3 mm squares, 
and the replicas removed by immersion in a 5% nital solution. 
The replicas were then washed in distilled water, and finally 
collected on 4 mm diameter copper grids. In the case of replicas 
taken directly from fracture surfaces, the carbon film was 
deposited direc~ly on the fracture surface, and removed as des-
cr · b 1 ed previously. 
Repl· lcas were eXamined using a JEOL 100B microscope operating 
at 60 KV. The microscope was equipped with an EDAX X-ray analysis 
system, capable of identifying elements with atomic number greater 
than 11. The system was therefore, not capable ~f distinguishing 
betwen carbide and nitride precipitates. The smallest spot size 
available was 50 nm in diameter, and this determined the minimum 
d· lStance between precipitates which could be analysed separately. 
PreCiPitate sizes were measured directly from the negatives. To 
calculate a mean precipitate diameter, assuming spherical 
preciPitates, at least 200 measurements were taken from 3 separate 
repl· lcas taken from the same sample. The procedure adopted to 
calcul t . , t a e the mean precipitate diameter,Dm, £or a preclplta e 
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distribution was that used by Weiss and Jonas (1980). It is 
assumed that precipitates of diameter di are extracted from a 
layer of matrix di thick, as illustrated in Fig. 3.9 NSi, the 
number of precipitates per unit area of diameter di, is 
measured direclty from the negative. However, it is Nvi, the 
number of precipitates per "nit volume of diameter di which is 
required to calculate Dm. As shown in Fig. 3.9, Nsi and Nvi are 
related by:-
Nvi = Nsi/di ......... 3.2 
Dm is then calculated using the formula:-
Dm = [ L Nvi di 3 / L Nvi i i ] 1/3 3.3 
To gain at least a semi-quantitive estimate of the particle dis~­
tribution at the austenite grain boundaries, the number of 
particles in a measured length of grain boundary was counted, 
and hence the distance between particle centres, the interparticle 
Spacing, was calculated. For any particular steel, these measure-
ments were based on approximately 200 particle counts taken from 
different grain boundary regions, and from different replicas. 
SUch measurements, although not providing absolute measurements of 
the grain boundary precipitate distributions, are adequate for 
making comparisons between different steels. 
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Fig. 3.1 Schematic illustration of variation of strain 
rate at point of fracture with total elongation 
of test piece. 
It"K--------165-------~~ 
VM wm 
GROUND FINISH 
DIAMETER 6·35 t 0·025 
THREAD 114" 8.S.W. 
ALL DIMENSIONS IN mm 
Fig. 3.2 Gleeble Test piece 
7·6 5 .04-t·02 
l. f6.3~+ -25.4----'l~ J ~-~-----------48·3~ . .-..-.----------.-.~ 
FINE MACHINE FINISH 
ALL DIMENSIONS IN mm 
Fir· 3.3 Instron test piece 
I 
TO CROSSHEAD 
I 
NIMONIC GRIPS 
THERMOCOUPLE 
SAMPLE -t---""""""-~I 
~ FURNACE WINDINGS 
TO TEMPERATURE: 
CONTROLER 
ARGON.J 
Fig.3.4 Schematic illustration of Instron high temperature 
testing equipment. 
INDUCTION COIL 
1 THERMOCOUPLE 0 0 0 
ART 
~ l ] TO CROSSHEAD -r 
---1 0 0 0 
SIUCA TUBE SAMPLE 
Fig. 3.5 Schematic illustration of induction heating equipment for high temperature 
tensile testing • . 
~ 
~20 * 8o----~*!I?-20~ 
GROUND FINISH 
THREAD 5/16 B.S.F. 
ALL DIMENSIONS IN mm 
FiR. 3.6 Induction test piece 
1100 r-, -------,------.-------.-----l 
--
---
--- ............. 
u 
o 
/
. ............+---+-+-+-
/ . " 
, 
~ 10001-
::> 
~ 
n: 
w 
0-
L 
w 
I-
Z 
W 9001-L 
..... 
u 
W 
0-
tJ) 
+
."..-+-+--+-+-
v --
t/' -
,/ 
---
..... 
"- , 
-
. .,+----t--+---+-+---
/
-1". --
/ " 
800' , 
-4 -2 0 +2 
DISTANCE FROM SPECIMEN CENTRE JCM 
"-
" 
\ 
\ 
Fig. 3.7 Temperature distribution in Induction test piece at three 
different temperatures 
+4 
if? 
"' ~ 80 lU 
a:: 
~ 
z 
I-j 
z 
0 60 I-j 
I-
U 
::> 
a 
lU 
a:: 
lU 40 
....J 
a:l 
lU 
lU 
....J 
.§?. 
~ 20 
a:: 
l-
V) 
Z 
I-j 
• 
• INSTRON 
• GLEEBLE 
20 40 50 80 
INDUCTION REDUCTION IN AREA} % 
Fig. 3.8 Comparison of reduction in area values from 
different testing equipment, tests performed 
under identical conditions 
Fig. 3 • ..2. 
I 
PRECIPITATES 
ETCH + C -COAT 
1 
I 
REMOVE C COAT 
t 
Extraction of precipitates using single stage carbon 
replicas. 
CHAPTER 4 
The Influence of C Content on the 
Hot Ductility of Plain C-Mn Steels 
4.1 INTRODUCTION 
It is now well known that micro-alloyed steels, and particularly 
C-Mn-Nb-Al grades, can show a ductility trough in the temperature 
range 700 - 1000°C, when tested using intermediate strain rates, 
as described in section 2.9. This loss of ductility can lead to 
transverse cracking in continuously cast slabs. The precipitation 
of NbCN and AIN during cooling have been shown to be important 
factors in reducing the hot ductility of micro-alloyed steels. 
A smaller but nevertheless marked ductility trough is known to 
OCCur even in the absence of micro-alloying additions. (Mintz 
and Arrowsmith, 1979; Yamanaka et aI, 1980; Wray, 1981). In 
this case the fall in reduction in area is believed to be due to 
the onset of the transformation from austenite to ferrite, causing 
st . ra~n concentration to take place in the softer ferrite phase, 
which forms as thin films around the austenite grains. 
Because of the generally higher minimum ductility values given 
by plain C-Mn steels compared to micro-alloyed steels these do 
not giVe problems on continuous casting and have therefore 
received less attention. Nevertheless for a complete understanding 
of these ductility troughs a detailed knowledge of the ductility 
trough in the absence of micro-alloying additions is required, and 
Obtaining this information has formed the basis of this chapter. 
If tranSformation is the only controlling factor in dictating the 
POSition of the hot ductility trough in a plain C-Mn steel, then 
raiSing the C content would be expected to lower the transformation 
temperature and move the hot ductility trough to lower tempe~atures. 
Examining the influence of carbon content on the pOSition of the 
ductility trough should therefore give useful information as to the 
ori . g~ns of the hot ductility troughs in plain C-Mn steels. 
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4.2 EXPERIMENTAL 
Plain C-Mn steels with the same base composition (1.4% Mn, 0.2% 
Si) but with C contents in the range 0.04 to 0.65% were cast as 50 
kg laboratory vacuum melts and ro+led to 37 mm plates, finish 
rolling at 1050 o C. The chemical compositions are given in Table 
4.1. Longitudinal tensile samples having the dimensions shown in 
Fig. 3.2 were machined from all the steels and hot ductility tests 
car ' d 
rle out using the Gleeble equipment at BSC Swinden Laboratories, 
as described in section 3.2.1. The test pieces were given a 
homogenizing treatment of 5 min. at 1330 0 C prior to cooling at 
60 o C/min. (similar to the cooling rate at the surface of the con-
tinuously cast slab) to a test temperature in the range 600 -
950°C and strained to failure at a rate of 3 x 10-3 5-1• One 
steel, the 0.65% steel, was tested under the same conditions, but 
u ' Slng the induction heating equipment described in section 3.2.3. 
The results obtained from both sets of equipment can be compared 
directly quite confidently. (section 3.2.4) 
The austenite grain size prior to testing was established by 
heating samples to 1330 0 C for 5 minutes using a muffle furnace, 
temperature being established by a thermocouple embedded in the 
sample. The samples were then cooled at a rate to give outline-
ment by ferrite. Austenite grain sizes were then determined using 
the linear intercept method. Carbon extraction replicas were also 
taken close to the point of fracture on selected steels in the 
temperature range 700 to 850°C, and the inclusions present analysed. 
Long't ' k l Udlnal sections, including the place of fracture, were ta en 
from the brOken samples and also prepared for metallographic 
examination. Although cooling rates after fracture were fast, they 
~ere not always fast enough to prevent further transformation 
oCCUrring during cooling to room temperature. However, ferrite 
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formed after fracture could readily be distinguished from that 
present before, as the former showed side plate formation. The 
thickness of the austenite grain boundary ferrite present before 
COoling was measured using an oil immersion lens. Measurements 
were taken within 5 mm of the fracture surface, and the apparent 
grain boundary ferrite thickness was taken as the mean of approxi-
mately 70 measurements. This apparent ferrite thickness is an 
over estimate of the true ferrite thickness, due to the sectioning 
effect. 
Examination of fracture surfaces was carried out using a JEOL T100 
sCanning electron microscope operating at 25 KV. 
The Ar d A OOC h ld" f 3 an r 1 temperatures after heating to 133 , 0 1ng or 
5 minutes, and cooling at 60 oC/min. were obtained for all the 
steels using a Theta dilatometer. Equilibrium transformation 
temperatures were calculated using the method of Andrews (1965). 
The transformation temperatures for the fractured tensile samples 
were estimated metallographically, the A3 temperature being taken 
as the temperature at which ferrite was first observed in the 
metallographic specimens. of fractured tensiles. 
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4.3 RESULTS 
4.3.1 Hot Tensile Tests 
The curves of reduction in area against test temperature are 
given in Fig. 4.1. All the steels show a marked ductility 
trough, reduction in area falling from 90% to about 30%. The 
depth of the trough is similar for all the steels, but the 
POSition and width vary with C content. The ductility of the 
0.04%C steel starts to fall at about 900°C, and reached a 
m' , lnlmum in the temperature range 750 to 8200C. Ductility is 
fully recovered when the temperature is further lowered to 700°C. 
As the C content is raised from 0.04 to 0.28%C, there is a 
gradual movement of the ductility trough to lower temperatures. 
At the 0.28%C level, the ductility trough has been shifted to 
lower temperatures by approximately 90 oe. The 0.35 and 0.65%C 
steels Show different trends and both of these steels have 
similar hot ductility curves with ductility troughs extending 
over a very 'd t t f 2500e Wl e empera ure range 0 • The results of 
Fig. 4.1 have been re-plotted in Fig. 4.2 to show the variation 
in ductility with C content at 600 and at 900°C. At 900°C, 
redUction in area values are independent of C content up to 0.35%C, 
When there is a large drop in hot ductility resulting from the 
extended ductility troughs of the 0.35 and 0.65%C steels. At 
600 oC, reduction in area values are again independent of C content. 
F' 19. 4.3 shows the variation in peak stress, Up, with test 
temperature for all six steels. Up decreases as temperature 
increa ses for all six steels. Fig. 4.4 shows the influence of C 
Content on peak stress at 9000C and at 600°C. At 600 oe, there is 
a clear increase in hot strength with increasing C content, peak 
stress increasing from 170 to 215 MPa as the e content increases 
from O.O~ to O.35%C. At 9000C, hot strength decreases slightly 
from 50 to 42 MPa as the C content increases from 0.04 to 0. 65%C. 
4.3.2 Metallography 
Austenite grain size measurements as a function of C content are 
shown in Fig. 4.5. This shows that grain size is independent of 
C content, and is approximately 300~mfor all six steels. 
The form of the grain foundary ferrite is shown in Fig. 4.6. In 
addition to grain boundary ferrite, this micrograph shows ferrite 
sideplates, formed during cooling after fracture, and a bainitic 
matrix. Measurement of apparent grain boundary ferrite thickness 
for steels 2 t 5 d t · l · t o ,along with the appropriate hot uc 1 1 Y curve, 
are shown in Figs. 4.7 - 4.10. Figs. 4.7 - 4.9 indicate that the 
minimum of the ductility trough is associated with very thin films 
( - 4 !-lm) of grain boundary ferrite, and ductility only begins to 
recOver as the ferrite thickness increases rapidly as the tempera-
ture is lowered. Fig. 4.10 illustrates that for the O.35%C steel, 
the ductility minimum is reached at temperatures well above that 
at which grain boundary ferrite is observed. The 0.65%C steel is 
of near eutectoid composition, and only very small amounts of 
grain boundary ferrite were observed, and only at temperatures 
below 700oC. 
Figs. 4.11 - 4.13 show micrographs taken just behind the fracture 
Surfaces of samples of the .19% steel, fractured at temperatures 
above, below and within the ductility trough. Fig. 4.12, which 
Shows failure at the ductility minimu!1\. ,:.·~-plays the features 
common to all observed failures at the ductility minimum; coarse, 
un-recrystallized austenite grains, showing outlinement by thin 
films of ferrite; and cracks forming within this ferrite, due to 
the nUCleation and growth of voids at inclusions within the ferrite. 
F · 
19. 4.14 shows such a crack in greater detail. The 0.35 and 
O.65%C steels again showed intergranular failure at the ductility 
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minimum, but for these steels, intergranular failure occurred in 
the single phase austenite. Fig. 4.15 shows intergranular 
cracking in the .35%C steel, tested at 850°C. These cracks 
generally OCCur at 45° to th~ tensile axis, and appear to be 
'W' type cracks. 
SEM eXamination of fracture surfaces revealed four distinct 
modes of fracture; low temperature .ductile rupture; intergranular 
microvoid coalescence; intergranular decohesion; and high 
temperature ductile rupture. An example of low temperature 
ductile rupture (LTDR) is shown in Fig. 4.16. This mode of 
fracture has been well documented, and is associated with the 
nUCleation, growth and coalescence of voids at second phase 
particles. In the present study, void nucleation occurs mainly 
by decohesion of the matrix-inclusion interface at MnS inclusions, 
and for this mode of fracture, reductions of area of greater than 
80% were produced. LDTR was observed for all six steels at test 
temperatures of 600°C and below, at 650°C for the 0.04 and 0.10%C 
steels, and at 7000C for the O.04%C steel. 
Fig. 4.17 illustrates the features of the intergranular microvoid 
Coalescence (IMC) mode of fracture. Hicrovoids, often associated 
With second phase particles cover the facets of the austenite 
grains. Analysis of the second phase particles using energy dis-
perSive analYsis of X-rays (EDX) indentified these particles as 
HnS. Steels 1 to 5 exhibit this fracture mode, over temperature 
ranges corresponding to the existence of this ferrite films at 
the grain boundaries, and the reduction of area values associated 
With IHC are approximately 35%. 
The third mode of fracture, intergranular decohesion (ID) 1s shown 
in Fig. 4.18. This mode of fracture is distinguished from IHC by 
the flat austenite grain facets, which, although showing MnS 
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inclusions, lack micro-voids. In some cases, wavy ridges are 
apparent on the grain facets, similar to those observed by 
Ouchi and Matsumoto (1982) in micro-alloyed steels, and to those 
observed by Ohmori and Maehara (1984) in an Nb containing 
austenit i c stainless steel • . It seems likely that these wavy 
ridges are due to the intersection of slip bands with the grain 
boundary during deformation, as suggested by Ohmori and Maehara. 
ID was the mode of fracture observed for the O.65%C steel at 
temperatures below 9000C, and in the O.35%C between 700°C and 
900 o C. ID was also occasionally observed in the lower carbon 
steels, at temperatures near the high temperature extent of 
the ductility trough. 
Fig. 4.19 illustrates the fourth mode of fracture, high temperature 
ductile rupture (HTDR). Large voids are apparent on the fracture 
surface, greater in size than those associated with LTDR, and 
apparently not associated with second phase particles. All six 
steels Show this failure mode. For steels 1-4, HTDR occurs at 
test temperatures greater than 8500C, whilst for steels 5 and 6, 
HTDR occurs t t 9000C a emperatures greater than • Reduction in 
area values for HTDR are greater than 80% for all six steels. 
Wray (1975) has observed this mode of failure in austenitic iron. 
It . ~s believed that the large voids apparent on SEM fractographs 
were originally intergranular cracks, formed at an early stage of 
deformation. . b dary 
• As deformation proceeds, the original gra~n oun 
crack is distorted into an elongated void, until final failure 
occurs by necking between these voids. 
It ShOUld be noted that in most fractured tensile samples, more 
. 
than one of the fracture modes described previously has contributed 
to final failure, although usually, one mode is dominant. 
n gs. 4.7 _ 4.10 and Fig. 4.20 _ 4.21 show the temperature range 
over which each failure mode occurs for each steel, together with 
ductility and transformation data. 
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4.3.3 Dilatometry 
Table 4.2 shows the Ar3 and Ar, temperatures determined by 
dilatometry. A change in C content from 0.04 to 0.65% has led 
to a fall of '74°C for the Ar3 and 1'9 for the Ar, temperatures. 
Also shown are the metallographically determined Ar3 temperatures, 
which are typically 'OooC greater than the dilatometric Ar3 
temperatures. Unfortunately, the 0.04%C was cooled too slowly 
after fracture to allow Ar3 temperatures to be reliably determined 
metallography. The Ae3 and Ae, temperatures determined using the 
formula of Andrews ('965) are also shown. The Ae3 temperatures 
fell from 865 0 to 720 0 C as the content increased from 0.04 to 
0.65%. The A temperature remained constant at 7'3 0 C. , 
The dilatometric Ar3 and Ar, temperatures, and the calculated 
Ae3 and Ae, temperatures and their relationship to the hot 
ductility curves are shown in Figs. 4.7 - 4.'0, and Figs. 4.20 -
4.21. 
4.4 DISCUSSION 
The foregoing results clearly show the existence of a ductility 
trough in the high temperature tensile behaviour of C-Mn steels 
with a wide range of C contents. .These results compare well 
with those obtained by previous workers, using steels of similar 
compositions, and tested using similar strain rates. (Fig. 4.22) 
The influence of C content on peak stress is in agreement with 
that reported by other workers. (Wray, 1984). The present 
results have also 'shown that when the failure mode is HTDR, 
redUction of area values are independent of C content. This is 
in Conflict with tOe results reported by Robbins et al (1967) 
USing hot torsion tests. They observed an increase in hot 
ductility with increasing C content, and further work by Gittins 
(1971) showed that this increase was due to the decrease in 0 
Content, and hence oxide inclusions, associated with higher C 
contents. In the present study, 0 analysis was unfortunately, 
not available, but it is likely that all six steels had similar, 
low 0 Contents, since all were vacuum melts. This would account 
for the lack of th sensitivity of hot ductility to C content in e 
austenitic state. 
The hot ductility and metallographic observations also show the 
importance of the austenite to ferrite transformation in controlling 
hot duct;l;ty ;n ( 4' 1 . ) 
4 4 4 the lower carbon steels 1- ~nc us~ve • Raising 
the C Content in these steels lowers the transformation temperatures, 
and as 
a consequence, moves the ductility trough to lower 
temperatures. Fracture occurs by intergranular microvoid coalescence. 
Strain . i ~s concentrated in the softer ferrite phase, allow ng 
dUctile VOiding to occur around the MnS inclusions, these cavities 
eventually linking. The difference in dilatometric and metallo-
graphic Ar3 temperature imply that the ferrite surrounding the 
austenite grains is deformation induced. Previous work by 
Bernard et al (1978) also showed that transformation temperatures 
determined metallographically from fractured tensile samples were 
higher than those determined by dilatometry, using the same 
COOling rates. Work by Kozasu et al (1976) and by Roberts et al 
(1980) has also shown that deformation raised the temperature at 
which the austenite to ferrite transformation commences. For 
large deformations their work has shown that the transformation 
temperature may be increased by over 100 oe. This effect is due 
to an increase in the effective ferrite nucleation area per unit 
vOlume accOmpanying deformation. These additional ferrite 
nucleation sites are believed to be at deformation bands and 
bUlges at austenite grain boundaries caused by deformation. 
Recovery of ductility on lowering the test temperature seems to be 
related to the thickening of the ferrite films, in agreement with 
the results of Ouchi and Matsumoto (1982). It should be noted 
that eVen too f a temperatures whl.ch gl.ve reduction in area values 0 
50% at the low temperature end of the ductility trough, the actual 
amOunt of ferrite is very small. Hence only a very thin film is 
required to give intergranular failure in the coarse grained steels, 
and these films, although thin when deformation induced, thicken 
rapidly once the Ar3 temperature is reached. Indeed the temperature 
at which ductility first starts to recover does correspond 
apprOXimately to the dl.°latometric Ar and this indicates that the 3' 
Width of the trough may be controlled by the difference in 
temperature between the deformation induced transformation temperature 
and the dilatometric Ar. Under more equilibrium conditions, the 
3 
Width fi i would be expected to become narrower, and results con rm ng 
this a 
re discussed in subsequent chapters. In the present instance 
Where COOling rates are high, it seems likely that deformati~n can 
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raise the transformation temperature (Ar3) close to equilibrium 
values. 
An additional factor which may lead to the recovery of ductility at 
low test temperatures is the fact . that the strength differences be-
tween austenite and ferrite decreases slightly as the temperature 
is reduced. (Wray, 1981). This would be expected to reduce strain 
concentration in the ferrite, and hence improve ductility. Support 
for this idea is shown by the fact the the .10%C steel requires a 
much thicker ferrite film to restore ductility than either the .19%C 
or the .28% steel, the ductility of which recovers at lower tempera-
tures. 
For the higher C steels hot ductility behaviour is clearly very 
different. Raising the C level from 0.28 to 0.35%C causes the 
temperature at which ductility starts to fall to increase by over 
100°C. Intergranular fracture now takes place in the austenite at 
as high a temperature as 8500C. The extended nature of the ductility 
trOugh in the higher C steels arises not only because C appears to 
promote intergranular failure in the austenite, but also because 
increasing C content lowers the transformation temperature. Further-
more, in the case of ·the .35%C steel, it is likely that when trans-
formation does finally occur, strain concentration in the softer 
deformation induced ferrite will then take place, as for the .28%C 
steel. 
The influence of C in encouraging failure to occur in the austenite 
is apparent even at C contents of less than 0.35%. Examination of 
Figs. 4.7 _ 4.9 clearly shows that the difference between the Ae3 
temperature and the temperature at which ductility first starts to 
fall increases with C content. This difference increases from 
Zero for an O.l%C steel to 500C for an 0.28%C steel. Loss of 
ductility in this range must be controlled by processes occurring 
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in the austenite, and this is confirmed by the absence of fer!"'it e 
films and the first appearance of some flat faced fracture · surfaces 
characteristic of intergranular failure in the austenite. However, 
it is not until the C content reaches 0.35% that full intergranular 
failure in the austenite occurs. 
To try to establish possible reasons to account for the difference 
in fracture behaviour between high and low carbon steels, careful 
eXamination was made both optically and using carbon extraction 
replicas of the sulphide distribution. No significant differences 
were found between the sulphide distribution in low and high C steels. 
In order to obtain more information on the hot ductility behaviour of 
low and high C steels, it was decided tOftTform hot tensile tests at 
a variety of strain rates to determine the activation energy for 
deformation, O. the steels chosen were the .19%C steel, and the 
.65%C steel. Hot tensile tests were performed as before, but using 
the Instron equipment described in section 3.2.2. Strain rates in the 
range 3 x 10-2 - 3 x 10-4 s-1 were used, and tests performed in the 
temperature range 850 to 1050°C. 
Stress strain rate and temperature can be correlated using equation 
2.3 for low stresses, equation 2.3 reduces to: 
• n 
to = A u exp - O/RT •••••••••••••• 4. 1 
where i is the strain rate, A and n constant, (}\ stress, R the 
universal gas constant, and T the test temperature. 
The validity of equation 4.1 under the present conditions is shown 
by Figs. 4.23 and 4.24 which shows a linear relationship between 
J.n Up and 1 IT for the .19 and .65%C steel at c constant strain rate. 
The actiVation energy for deformation, 0, is obtained from the 
gradient of the plot of In; against 1/T at constant stress, Figs. 4 •25 
and 4.26. The stress exponent, n, is determined from the gradient 
of· the plot of lllE against 1n up at constant temperature, Figs. 4.27 
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and 4.28. The values of Q and n are shown in Table 4.3, together 
with other values of Q and n from previous work. It can be seen 
that the present results are in good agreement with the results 
of previous workers. In Fig. 4.29, values of the activation 
energy for deformation are plotted against C content, and it can 
be seen that there is a systematic increase in Q with C content. 
It is suggested that this increase in activation energy is 
sufficient to retard the onset of dynamic recrystallization or to 
decrease the rate of dynamic recrystallization if it occurs. This 
would be expected to decrease hot ductility by reducing the rate 
of grain boundary migration, and hence allowing intergranular 
failure to OCcur in the austenite. 
Fig. 4.30 shows the sample elongation to peak stress for the .19%C 
and .65%C steels at various strain rates and test temperatures. 
This sample elongation to peak stress is simply related to fc' 
the critical strain for the nucleation of dynamic recrystallization, 
as discussed in section 2.3.3., and Fig. 4.30 shows the expected 
trends with strain rate and temperature, i.e. fc decreases with 
decreasing strain rate and increasing temperature. Unfortunately, 
the results were not accurate enough to confirm whether increasing 
C Content did in fact retard the onset of dynamic recrystallization 
behaviour of the .19 and the .65%C steels. Hopefully, further tests 
will be able to clarify more precisely any differences in 
recrystallization behaviour between low and high C steels. 
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4.5 CONCLUSIONS 
1. The existence of ductility troughs in the high temperature 
tensile behaviour of C-Mn steels tested using intermediate 
strain rates has been confirmed. 
2. For steels with C content less than .35% low ductility 
failures are intergranular in nature, and are due to strain 
concentration in the soft, ferrite films at the austenite 
grain boundaries. 
3. For steels with C content less than .35%, decreasing the C 
content raised the ductility trough to higher temperatures, 
due to the increase in transformation temperature. 
4. For steels with C contents > O.35%C, low ductility inter-
granular failures occur in the austenite, fundamentally 
different behaviour to that observed in lower C steels. 
5. The activation energy for deformation has been shown to 
increase the increasing C content and it is proposed that 
this increase is responsible for the low ductility failures 
observed above the A3 temperature in higher C steels. 
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COde C Si S No. P Mn N Ni Cr Mo 
1 
.04 
.20 . 013 .002 1.50 .004 .04 .03 .01 
2 
.10 
.20 .013 .002 1.50 .004 .04 .03 .02 
3 
.19 .20 .013 .002 1.40 .004 .04 .03 .02 
4 
.28 
.20 .013 .002 1.50 .004 .04 .03 .02 
5 
.35 
.17 .009 .002 1.31 .004 .04 .06 .02 
6 
.648 
.275 .003 .002 1.39 .005 NV NV NV 
Table 4.1 Compositions of the steels examined (wt.%) 
NV = no value 
COde No. 
Transformation temperatures (OC) 
C content 
(wt.%) Dilatometric Metallographic Calculated 
Ar3 Ar 1 Ar3 Ae3 Ae 1 
1 0.04 772 644 865 713 
-
2 0.10 744 584 790 840 713 
3 0.19 
.. 
697 560 775 813 713 
4 0.28 650 550 750 782 713 
5 0.35 600 480 710 770 713 
6 0.65 598 525 - . 720 713 
I?ble 4.2 Transformation temperatures determined by dilatometer, 
metallographically, and by the method of Andrews (1965) 
Reference C Content (wt.%) 0 (KJ mol -1 
Sellars and Tegart (1966) 
-
280 
Sankar et aI, ( 1979) 0.14 308 
Present work 0.19 290 
Sellars and Tegart (1966) 0.25 300 
Present work 0.65 330 
Sellars and Tegart (1966) 0.85 339 
Sellars and Tegart (1966) 1.2 390 
~ble 4.3 Influence of C content in C-Mn steels on the 
activat·ion energy for deformation, 0, and 
stress exponent, n. 
, 
r, 
. . 
n 
4.7 
5.1 
5.2 
4.6 
5.5 
4.55 
4.55 
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CHAPTER 5 
The Influence of Grain Size on the 
Hot Ductility of C-Mn steels 
5.1 INTRODUCTION 
Extensive studies in the field of creep have generally shown 
that high temperature ductility increases with decreasing 
grain size. (Bywater and Gladman, 1976; H.E. Evans, 1969; 
Katumba Rao et al 1975; Reynolds and Gladman, 1980) Similarly 
hot ductility in tensile testing is improved with refinement 
in grain size, the ultimate situation being reached in those 
alloys which give super plastic behaviour at ultra-fine grain 
sizes. In the case where failure is intergranular, the 
beneficial effect on ductility of refining grain size in creep 
tests is believed to be due to either a decrease in the grain 
boundary sliding rate or more likely the difficulty in propa-
gating grain boundary cracks formed on sliding through triple 
points. (Bywater and Gladman, 1976; Kutumba Rao et aI, 1975). 
It has also been suggested that the crack aspect ratio which 
controls the stress concentration at the crack tip will be 
higher in coarse-grained materials, and encourage crack propo-
gation (Kutumba Rao et aI, 1975). 
In the case of micro-alloyed steels, there has been little 
indication from hot tensile tests that grain size has any 
significant influence on hot ductility. Work by Carlsson (1964) 
and Ouchi and Matsumoto (1982) on C-Mn-AI and C-Mn-Nb-AI steels 
showed no influence of austenite grain size on hot ductility 
after brittle intergranular failures. However, Schimidt and 
Josefsoon (1974) have observed that in the straightening of hot, 
continuously cast strands, cracks are associated with coarse 
austenite grains and that such cracking is reduced when the 
formation of coarse austentite grains is prevented by the use 
of suitable secondary cooling patterns. Since many micro-alloyed 
steels are susceptible to transverse cracking during continuous 
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casting, it is important to define the role of grain size in 
controlling hot ductility. In order to do this, it is necessary 
to separate the effect on hot ductility of micro-alloying 
precipitates from that of grain size. Therefore, the influence 
of grain size on hot ductility in plain C-Mn steels needs to 
be established before progress can be made in establishing its 
influence on micro-alloyed steels, and this has formed the basis 
of this chapter, whilst micro-alloyed steels are investigated in 
the subsequent chapter. 
The results of chapter 4 established that raising the carbon 
content changes the mode of intergranular fracture from failure 
along thin films of ferrite surrounding the harder austenite 
grains, to intergranular fracture caused by grain boundary 
sliding in the austenite. Because these two modes of fracture 
may be influenced differently by grain size, a low carbon and 
a high carbon steel investigated in the previous chapter were 
chosen for the present study. 
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5.2 EXPERIMENTAL 
The compositions of the low, 0.19%e, and high 0.65%e steels 
are given in Table 5.2, being the same as those investigated 
in the previous chapter. Processing details are given in 
section 4.2. Tensile samples were machined from the plates with 
their axes parallel to the rolling direction. For the 0.19%C 
steel, hot ductility tests were carried out using the Instron 
equipment described in section 3 . 2.2, the dimensions of the 
samples used being shown in Fig. 3.4. The initial grain sizes 
prior to testing were varied by heating to temperatures of 
925°C, 1070 0 e and 1220 oe. After 15 minutes at one of these 
temperatures, the samples were cooled at 10 0 e min- 1 to test 
temperatures in the range 650 to 925°C, and after holding for 
15 minutes, strained to failure at a rate of 3 x 10-3 s-l. 
For the 0.65%C steel, tests were performed using the induction 
heating equipment described in section 3.2.3, with tensile 
sample dimensions given in Fig. 3.6. The temperatures used to 
produce a similar variation in initial grain size were 950, 
1250 and 1330 o e, and after holding for 5 minutes, the samples 
were cooled at 60 0 e min- 1 to test temperature. 
The results shown in Fig. 3.8 show that for similar strain rates, 
comparable results are obtained from both Instron and induction 
eqUipment, and so results from the 0.19%C steel and O.65%C can 
be compared directly. 
The austenite grain size prior to testing was established by 
simulating the heat treatments given to the tensile samples to 
achieve the various grain sizes and then cooling at a rate to 
give outlining by ferrite. In the case or the O.19%C steel, the 
heat treatment given to samples prior to testing using the 
Instron were simulated on small samples which were then quenched. 
In this way the presence and amount of ferrite prior to tensile 
testing could be determined. Rapid cooling could not be 
carried out on tensiles immediately after fracture using the 
Instron, so that the amount of ferrite present after deformation 
could not be deduced. However, some indication of the influence 
of deformation on transformation could be obtained from samples 
which had been cooled rapidly after the Gleeble testing 
performed in the previous chapter. The higher C steel was close 
to eutectoid composition, so that at the test temperatures used, 
intergranular fracture would always occur in the austenite. 
Fracture examinations were carried out using a JEOL Tl00 SEM. 
Some limited dilatometry work using a Theta dilatometer was also 
carried out on these steels to try and establish the Ar3 
temperature under the conditions used. 
5.3 RESULTS 
5.3.1 Metallography 
The austenite grain sizes corresponding to each reheating 
temperature for the .19%C steel and the .65%C are shown in 
Table 5.2. Grain sizes for the steels after reheating to 
1330 0 c were taken from the results shown in Fig.4.5. For the 
.19% steel, grain size increased from 70 to ,290~m as the 
reheating temperature increased from 925 to 12200C. For the 
.65%C steel, grain size increased from 50 to 300~m as the 
reheating temperature increased from 950 to 1330 o C. 
Fig. 5.1 shows the variation of ferrite volume fraction with 
test temperature for grain sizes in the range 70 to 290~~ 
for the .19%C. The 'rate of the y-+a transformation is 
progressively decreased as grain size increased. Fig. 5.1 
also shows the precise determination of the Ar 3 temperature 
by metallographic techniques is difficult, due to the 
asymptotic nature of the curve, but the temperature for 1% 
transformation for all three grain sizes appear to be in the 
range 750 - 770°C. Calculated equilibrium temperatures for 
the .19%C steel using Andrews' formula (1965) gave values of 
813 and 712°C for the Ae 3 and Ae 1 temperatures respectively. 
Examination of C extraction replicas taken from samples of the 
• 19%C steel reheated to 925°C and a Gleeble sample reheated to 
1330 0 C during the tests described in chapter 4, showed similar 
sulphide distributions, consisting of randomly distributed 
sulphides. 
5.3.2 Hot Ductility 
The curves of percentage reduction in area against test temperature 
in the range 600 - 900°C for the 0.19%C steel for the three grain 
sizes are shown in Fig. 5.2. Also included in this figure is 
the curve obtained in chapter 4 for the 0.19%C steel under 
Gleeble test conditions, i.e. reheated to 1330 o C, and cooled 
to test temperature at 600C min.- 1• 
In the case of the finer grained steels (70 and 180 ~m), 
ductility started to fall markedly at temperatures below 775°C, 
and reached a minimum at 750 oe. Ductility recovered rapidly 
as the test temperature is lowered further. In the case of 
the coarse grained material (290 ILm), the ductility started to 
drop at 810 o e, and minimum ductility occurred close to 800°C. 
For the Gleeble tested samples, ductility began to fall at a 
temperature of 800 oe, reaching a minimum at 700°C. The minimum 
ductility value for the Gleeble tested samples was 35%, com-
pared with about 55% for the finer grained, Instron tested 
material. 
Fig. 5.3 shows the curve of reduction in area against test 
temperature for the O.65%C steel at the three grain siz'es (50, 
180 and 300 ~~). For the two finer grained materials, 
ductility remained good over the entire range of test temperature, 
whilst for the coarse grained material, low ductility failures 
OCCurred below test temperatures of 950°C. 
5.3.3. Fractography 
SEM fracture examinations have shown that the failure mode in 
the low ductility temperature range was always intergranular, 
and typical examples are shown in Fig. 5.4. The majority of 
intergranular fracture surfaces in the 0.19%C steel were of the 
intergranular microvoid coalescence type described in chapter 4, 
consisting of ductile dimples associated with MnS inclusions on 
the grain facets. The results of chapter 4 indicate that this 
fracture mode is usually associated with failure occurring in 
the thin ferrite film formed around austenite grains on trans-
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formation. At test temperatures near the Ae 3 temperature, 
occasional flat grain facets were observed, which are thought 
to be indicative of failure occurring in the austenite due to 
grain boundary sliding, as described in chapter 4. 
The low ductility failure which occurred in the coarse grained 
O.65%C steel were again intergranular, but of the intergranular 
decohesion type described in chapter 4 (see Fig. 4.18) 
. . . 
5.4 DISCUSSION 
The results of chapter 4 have confirmed the existence of a 
ductility trough associated l,ith the y to a transformation 
in C-Mn steels and shown that altering the transformation 
temperature by varying the C content produces a corresponding 
shift in the position of the ductility trough. Coarsening the 
grain size would be expected to lower the transformation 
temperature, but there is little indication that changes in 
grain size have a corresponding effect on the position of the 
ductility trough. Indeed coarsening the grain size from 
180 to 290 pm raises the temperature at which ductility first 
starts to fall by 50 o C, Fig. 5.2. 
In the case of the two finer grained steels (70 and 180 ~m), 
the temeprature at which hot ductility began to fall corresponded 
fairly well to the Ar 3 temperature determined from Fig. 5.1. 
Reference to Figs. 5.1 and 5.2 shows that at the minimum ductility 
temperature of 750 o C, the finer grained material (70pm) has 5% 
ferrite present prior to deformation, whilst the coarser grained 
material (180 I,m) has 1% present. Full recovery of ductility 
below 750 0 C occurs when approximately 30% ferrite is p rQS c~t pr~rio 
deformation, and this increased volume fraction of ferrite, 
together with the decrease in strength difference between austenite 
and ferrite which occurs on lowering the temperature, (Wray, 1981) 
would be expected to reduce strain concentration at austenite 
grain boundaries as discussed in chapter 4. 
In the case of the coarsest grained material examined, (290 ILm) , 
the ductility started to drop close to the calculated equilibtitim 
temperature of 813°C, and minimum ductility occurred close. to 
800 oc, Fig. 5.2. From an examination of Fig. 5.1, it is reasonable 
to suggest that the Ar3 temperature for this steel was about 720 o C. 
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It therefore seems likely that for this grain size, 
deformation can raise the transformation temperature at the 
boundaries so that it is possible for ferrite to be formed at 
high temperatures, giving rise to a much extended ductility 
trough. 
Unfortunately, the Instron testing arrangements did not allow 
rapid quenching of samples after failure so the presence of 
ferrite after deformation could not be determined. However, 
the Gleeble tests of chapter 4 involved rapid cooling after 
testing which enabled ferrite formed during deformation to be 
detected. The same steel, when cooled rapidly to the test 
temperature from 1330 0 C so that the Ar3 temperature was lowered 
to 697°C (using a Theta dilatomerl gave an extended ductility 
trough, Fig. 5.2 . The austenite grain size prior to deformation 
in this case was coarse (350 ~m) and examination of samples 
fast cooled after fracture showed the presence of thin films 
of the softer ferrite phase surrounding the austenite grains at 
temperatures well in excess of the Ar 3 • Evidence for 
deformation induced ferrite was found for temperatures up to 
800°C. It therefore appears that in coarse grained material, 
deformation induced ferrite can have a considerable influence 
widening the hot ductility trough. At the coarser grain sizes 
it seems that deformation can raise the Ar 3 temperature to 
almost the Ae). Because of this, the portion of the hot 
ductility curve between A and B in Fig. 5.2 is not significantly 
influenced by the large change in Ar) which takes place on 
altering the cooling conditions. 
These results would seem to indicate that in the finer grained 
steels, (70 and 180 ~ml deformation between the Ae, and Ar, 
temperatures has little influence on the position of the ductility 
( 
trough. 
Possible reasons for this are (a) the high surface area/ 
volume ratio of the grains reduced the local deformation at the 
boundaries so that it is insufficient to produce ferrite, (b) 
the ferrite films produced are discontinuous thus not allowing 
easy crack linkage, or (c) nucleation sites are so numerous in 
the fine grained steel that deformation has little influence in 
providing extra sites. Certainly the ferrite formed in coarse 
grained material tends to grow along the Y boundaries and as a 
consequence only a very small amount is required to produce a 
continuous network and this can be compared to finer grained 
materials where growth is more equiaxed, Figs. 5.5 and 5.6 
respectively. 
In order to substantiate that hot ductility was not being 
influenced by deformation at finer grain sizes, the finest 
grained (70 ~m) steel was given slightly faster cooling to test 
temperature (15°C/min.) and tested immediately to failure on 
the rnstron, Fig. 5.7. 
The ductility trough moved to lower temperatures by 30° to 40°C 
in accord with the change in the Ar] temr~rature as measured by 
the Theta dilatometer (Fig. 5.7). This contrasts with the 
behaviour of the coarse grained material where ductility at the 
high temperature end of the trough did not alter even though 
marked changes in the Ar] were noted, Fig. 5.2. 
The high carbon steel behaves in a fundamentally different manner 
to the low carbon steel as described in chapter 4. In this 
chapter, it was shown that raising the C content in a coarse 
grained steel causes intergranular failure to occur by grain 
boundary sliding in the austenite,' and not, as with low C steels, 
on phase .transformation. Raising the C level was found to increase 
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the activation energy for dynamic recrystallization and hence 
encourage more grain boundary sliding and crack linkage. How-
ever, the results of Fig. 5.3 show that low ductility, inter-
granular failures only occur in the coarsest grained material, 
and the finer grained materials fail with high ductilities. 
As already mentioned refining the grain size would be expected 
to make it more difficult for cracks to move through the triple 
POints as well as reducing the crack aspect ratio giving rise 
to a lower stress concentration. Whether failure occurs at high 
temperatures in the austenite or at lower temperatures on trans-
formation is very finely balanced and just as changes in C 
content can have an influence on the fracture mode, so grain 
size can have a similar powerful effect. 
In addition to extending the width of the ductility trough, 
there is also evidence to suggest that increasing the grain size 
increases the depth of the trough. For the low C steel increasing 
grain Size from 350 ~m reduced the minimum ductility value from 
57 to 35% reduction of area whilst for the higher C steel a 
similar change in grain size produced a change in the reduction 
of area from 95 to 37%. Similar behaviour has been noted by 
Carlsson et al (1980) for intergranular failure in the austenite 
of 17Cr-17Ni-4.5Mo stainless steel tested in the temperature 
range 950 0 to 1050°C. 
The reduction of area values obtained at a particular temperature 
are dependent on strain rate, carbon content and grain size and 
all of these variables alter the position and extent of the hot 
ductility trough. 
It should be noted however, that whereas C content influences the 
extent and position of the ductility trough, but not minimum 
reduction of area values, (see Fig. 4.2 from chapter 4), grain ( 100 
Size also influences the minimum value of reduction of area 
associated with intergranular failures. The minimum reduction 
of area values for the temperature range 700° to 1000°C are 
plotted against grain size in Fig. 5.8. Included in this curve 
are results from previous examinations on plain C-Mn and C-Mn-Ti 
steels. (Mintz et al, 1980) The latter steels have been 
included because although precipitates are present in these 
steels, they have been shown to be randomly distributed and are 
not situated at the austenite grain boundaries. In addition, 
the 0.19%C steel after normalising was heated directly to 
temperatures in the range 700° to 950°C, held for 15 minutes at 
temperature and then tested to failure at the same strain rate 
of 3 x lrr l s-l using the Inston equipment. It can be seen from 
Fig. 5.9 that there is little evidence of a ductility trough 
and although grain size increased with temperature in the range 
normally associated with low ductility (700 to 900 0 C), the 
austenite grain size was fine, being approximately 30 pm. 
These results suggest that ductility for the strain rate 
examined will always be very high for plain C-Mn steels in the 
temperature range 700 0 to 1000°C if grain size can be kept below 
50 ~m. Steels with grain sizes which are typical of continuously 
cast steel ( -700 pm) would, when tensile tested in this 
temperature range, always have low minimum ductility values «30% 
reduction of area) with associated intergranular failures. 
101 
5.5 CONCLUSIONS 
1. Refining the grain size is beneficial to hot ductility 
as it reduces the width of the ductility trough and 
increases the minimum reduction of area values. 
2. The temperature for the start of the ductility trough in 
a fine grained 0. 19%C plain C-Mn steel corresponds approxi-
mately to the Ar3 temperature. Recovery in ductility 
quickly occurs on lowering . the test temperature due to 
the introduction of a greater volume fraction of ferrite 
at the p grain boundaries and by reducing the relative 
strength difference between the p and a Coarsening 
the grain size causes the temperature for the start of 
the ductility trough to increase up to the Ae 3 temperature 
due to the production of long thin films of deformation 
induced ferrite round the y grain boundaries. Because 
of this a much extended trough is produced. 
3. Refining the grain size in the higher C-Mn steels (0.65%) 
has even more marked effect in improving hot ductility. 
Low ductility intergranular failure occurs in coarse 
grained high C-Mn steels by grain boundary sliding in the 
P. Refining the grain size prevents this taking place and 
ductility can be kept high to temperatures as low as 700 o C, 
the lowest testing temperature examined. 
C Si . Mn P S N Ni Cr Mo 
.19 0.20 1. 50 .002 .013 .004 .04 .03 .02 
.65 0.28 1.40 .002 . 003 .005 NV NV NV 
Table 5.1 Compositions of the steels examined, (wt.%) 
NV = no value 
Reheating Temperature 
925 950 1070 1220 1250 1330 QC 
Grain size,ILm; 0.19%C 70 - 180 290 -
Grain size, pm, 0.65%C 
-
50 
- -
180 
T~ble 5.2 Variation of austenite grain size with reheating 
temperature for both steels. 
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CHAPTER 6 
The Influence of Grain Size on the Hot Ductility 
of the Micro-Alloyed steels 
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6.1 INTRODUCTION 
In section 2.6, the influence of grain size on creep ductility, 
and on hot tensile test ductility, was described, and it was 
also noted that grain size could i~fluence the transverse 
cracking of continuously cast slab, coarse austenite grains 
promoting cracking. (Schmidt and Josefsson, 1974). In chapter 
5, the influence of austenite grain size on the hot ductility 
behaviour of two C-Mn steels of differing C contents was 
investigated, and it was shown that increasing grain size generally 
has a detrimental effect on hot tensile ductility, and can produce 
increases in both the width and the depth of the ductility trough. 
However, Such plain carbon steels are not usually susceptible to 
transverse cracking, and it is micro-alloyed steels which are most 
prone to this type of defect. Few reports have been made of the 
inflUence of grain size on the hot ductility of micro-alloyed 
steels, (Carllsson,1964; Ouchi and Matsumoto, 1982), and these have 
conclUded that grain size has little influence on hot ductility. 
The major prOblem in such studies has been in distinguishing 
between the effects of grain size and precipitation on hot ductility, 
as preCiPitation and grain size are often closely related. 
In this chapter the influence of grain size on the hot ductility of 
C-Mn-Al, C-Mn-V-Al and C-Mn-Nb-Al will be investigated, and compared 
With the behaviour of one of the C-Mn steels investigated in chapter 
5. Hot tenSile tests will be performed only in the single phase 
austenitic state. 
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6.2 EXPERIMENTAL 
The compositions of the steels examined are given in Table 6.1. 
The steels were cast as 50 kg vacuum melts, and hot rolled to 
37 mm plate, finish rolling 1050°C. Tensile samples, shown in 
Fig. 3.6 were machined from the plate with their tensile axes 
parallel to the plate rolling direction, having gauge length 80 
mm and diameter 7.9 mm. These samples were then tested using 
the indUCtion heating equipment described in section 3 .2. 3 10 
produce a Wide range of austenite grain sizes prior to testing, 
each sample was reheated to temperatures in the range 850 - 1360 o C, 
and he ld for 5 minutes. The samples were then cooled to a test 
temperature of 850 0 C at a rate of 60 oC/min., and held for 5 
minutes prior to straining to failure at a rate of 3 x 10-3 s-1 
Fractured samples were then prepared for metallographic and SEM 
examination. Carbon extraction replicas were taken from _1 mm 
beh" " 1nd the fracture surface, and in some cases, carbon extractIon 
replicas were tpken directly from the fracture surfaces. To 
determine austenite grain sizes prior to deformation, small 
samples were heat treated in a muffle furnace to simulate the 
thermal cycle of the tensile samples. After solution treatment, 
these samples were cooled at a rate sufficient to produce ferrite 
out} " " 1nement of austenite grain boundar1es. GraiA sizes were 
measured from these samples using the linear intercept method, 
COunting approximately 100 grains. 
In the present study, it was very important to distinguish between 
the effects on hot ductility of grain size, and of preCipitation, 
and therefore, it was important to determine the solution 
temperature for the appropriate precipitate in each steel. Equili-
brium solUbility calculations are not entirely reliable for the 
Present study, d~e to the short reheating times used. Solubility 
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temoeratures were therefore determined using the method of loss 
of secondary hardening potential. Small samples were heated 
Using a muffle furnace to reheating temperatures in the range 
850 - 1360 o c, quenched in iced brine, and then tempered for one 
hour at 600 o C. The hardness of the samples was taken as the 
mean of 10 readings from a Vickers Dp machine using a 20 kg load. 
This method proved Successful in determining the solution 
temperature of the C-Mn-Nb-Al and C-Mn-V-Al steels, and the 
results are described in the subsequent section. However, for 
the C-Mn-Al steel, no changes in hardness were observed on 
tempering, and so an alternative method was used to determine 
the solubility of AlN. Small samples of the C-Mn-Al steel were 
heated in a mUffle furnace to various reheating temperatures, and 
then qUenched 'nto· db · 
• ~ce r~ne. Carbon extraction replicas were 
then taken from the small samples, and then solubility temperatures 
determined from the presence or absence of AlN. 
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6.3 RESULTS 
6.3.1 . Hot Tensile Tests and Metallography 
Fig. 6.1 shows the influence of reheating temperature on the 
austenite grain size for all 4 steels. The C-Mn steel shows a 
Continual increase in austenite grain size with temperature, from 
a grain size of 70 pm at 925°C to 300 ~m at 1330 oC. The C-Mn-AI, 
C-Mn-V-AI and C-Mn-Nb-Al steels all show a temperature range over 
which grain size is . tIt 30 f h steel. ~ ~ approx~ma e y constant a ~m or eac 
Above a temperature of 1050 oC, . f grain coarsen~ng commences or 
these three steels, until at a reheating temperature of 1360°C, 
grain Sizes were in the range 250 - 350 ~m. 
Fig. 6.2 Shows the influence of reheating temperature on the hot 
ductility of all 4 steels at a test temperature of 850°C. The C-Mn 
steel shows excellent hot ductility for all the reheating 
temperatures investigated. For the C~Mn-AI steels, reduction in 
area values rose from 65% at 850 0 e to 96% at 1100o C, and remained 
at 
- 96% for reheating temperatures up to 1360oC. The reduction 
in area values for the C-Mn-V-AI steel increased from 66% for the 
sample heated to 8500C, to 75% for the sample reheated to 950°C. 
As the reheating temperature was raised above 950°C, reduction in 
area values fell continuously, reaching 50% at a reheating 
temperature of 1360o c. For the C-Mn-Nb-AI steel, reduction in area 
values increased from 52% at 8500C to 80% at 1100oC. As the re-
heating temperature was increased further, reduction in area values 
fell Continuously reaching 26% at 1360oC. 
The hot ductility results of Fig. 6.2 are replotted in Fig. 6.3 to 
Show the variation of reduction in area with austenite grain size, 
the grain size for a particular reheating temperature being obtained 
from Fig. 6.1. 
Load elongation curves for the C-Mn-AI, C-Mn-V-AI and C_Mn-Nb-Al 
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steels are shown in Figs. 6.4 - 6.6. Some of these curves show 
an abrupt drop in load as deformation proceeds, distinct from 
that normally associated with the onset of sample necking. Similar 
lbad-~longation curves have been observed during hot tensile tests 
by Wray and Holmes (1975) and by Wilcox (1982), and are attributed 
to the onset of dynamic recrystallization. Thus it is sometimes 
POssible by examination of the load elongation curves, to determine 
whether dynamic recrystallization has occurred before fracture. 
In Some cases, however, the form of the load-elongation curve 
makes it difficult to state unambiguously whether recrystallization 
has occurred or not. The temperature range over which dynamic 
recrystallization occurs before fracture for each steel is shown 
in Fig. 6.3. For the C-Mn steel, dynamic recrystallization occurred 
prior to fracture in all tests. Similarly for the C-Mn-AI steel, 
dynamic recrYstallization occurred prior to fracture in all tests, 
with the exception of the sample heated directly to 850 o C. For 
the C-Mn-V-Al steel, recrystallization did not occur in samples 
reheated to 1300 0 c or above prior to testing at 850 o C. At re-
heat" lng temperatures below 1300 o C, it was not possible to determine 
UnambiguouSly whether dynamic recrystallization had occurred for 
this Steel. For the C-Mn-Nb-Al steel, only the sample reheated to 
1100°C prior to testing showed evidence of recrystallization 
(Fig. 6.6). 
SEM fractography revealed three distinct fracture modes, high 
temperature ductile rupture (HTDR), intergranular decohesion (ID), 
and " lntergranular microvoid coalescence (IMe). These three fracture 
MOdes were also observed in the plain carbon steels examined in 
Chapter 4. However, it should be noted that whilst in C-Mn steels, 
the IMC fracture mode seems to be associated with pro-eutectoid 
ferrite f~lms at d . s in m~cro-alloyed steels. ~ austenite grain boun ar~e , ~ 
lOA 
this fracture mode can occur in single phase austenitic structures. 
Fig. 6.7 shows the temperature range over which each fracture 
mode OCcurs for all four steels. The C-Mn steel shows HTDR for 
all reheating temperatures. The C-Mn-AI steel shows HTDR for all 
tests, except the sample heated directly to 850°C and tested. This 
fracture has also been classed as ID, but appears radically 
different to other ID failures, because of the very fine grain 
size of this steel. The C-Mn-V-Al shows predominantly ID for re-
heating temperatures greater than 1250 o C. For reheating temperatures 
below 1250 o C, the fracture mode is mixed HTDR and ID. The C-Mn-
Nb-AI steel shows the ID failure mode for all the samples tested, 
except that reheated to 11000C prior to fracture, which showed HTDR. 
For reheating temperatures greater than 1250o C, regions of the IMC 
fracture mode were present, but ID was the predominant fracture 
mOde. Figs. 6.8 _ 6.9 shows examples of each fracture mode. 
For the C-Mn-Nb-AI steel, carbon extraction replicas were taken 
directly from the fracture surfaces of samples which had failed in 
an intergranular manner after reheating to 1330 and 1360 o C. Those 
replicas showed a random precipitation of NbCN on the grain facets, 
Fig. 6.10. 
Examination of carbon extraction replicas taken from transverse 
sections of the fractured samples revealed no precipitation "in any 
of the fractured C-Mn samples, or in samples of the C-Mn-AI steel 
reheated above 1000 oc. However, the C-Mn-AI samples reheated to 
850 and to 10000C showed extensive AIN precipitation at the auste-
nite grain boundaries, and also some intragranular precipitation. 
(Figs. 6.11 - 6.12). 
For the C-Mn-V-AI steel heated directly to 850°C, grain boundary 
and matrix precipitation of V(CN) was observed, and also present 
were large angular platelets of AIN, which were randomly distributed. 
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(Fig. 6.13). Samples of this steel heated to 1050 0 C and above 
prior to testing at 850°C showed only V(CN) precipitates, and 
no AIN. (Fig. 6.14) These VCN precipitates were generally 
randomly distributed, although occasionally these precipitates 
outlined grain boundaries. 
In the C-Mn-Nb-AI steel heated directly to 850°C and tested, 
replica examination revealed extensive precipitation of NbCN 
and AIN at austenite grain boundaries, and within the grains 
(Fig. 6.15). The sample reheated to 1100°r.·prior to testing at 
850°C showed no grain boundary precipitation, but a coarse 
random distribution of NbCN (Fig. 6.16), and no AlN precpitation. 
The samples reheated to temperatures in the range 1200 to 1360 0 C 
all displayed similar precipitation patterns after fracture at 
8S0°C. Extensive fine precipitation of NbCN was observed at 
austenite grain boundaries and within the grains themselves. 
(Fig. 6.17) 
6.3.2. Determination of Solution Temperatures 
Fig. 6.18 shows the influence of reheating temperature on the 
hardness of the C-Mn-Nb-AI steels after quenching from the re-
heating temperature and tempering at 600°C for one hour. Hard-
ness remains constant at VH.230 for reheating temperatures of 
10S0oC and less, and gradually increases to VH.295 as the re-
heating temperature is increased to 1150 o C. Hardness remains 
constant at VH.295 as the reheating temperature increases from 
1150 to 1360 0 C. The interpretation of these results relies on 
the assumption that only Nb(CN) formed during tempering at 
600°C makes a Significant contribution to the secondary hardening 
of the steel, and thus the greatest secondary hardening occurs 
when all the Nb is in solution at the reheating temperature. 
USing this assumption, the hardness values in Fig. 6.18 can be 
no 
interpreted as follows: up to reheating temperatures of 1050oC, 
little Nb is in solution, and hence not available to cause 
secondary hardening during tempering; between reheating tem-
peratures of 1050 and 1150oC~ the. amount of Nb in solution rises 
rapidly and leads to an increase in hardness on tempering; at 
reheating temperatures of 1150 0 C and above, all the available Nb 
is in solution, and produces the maximum secondary hardening. 
Therefore, the results of Fig. 6.18 indicate that 5 minutes at 
reheating temperatures greater than 1150 0 C is sufficient to 
dissolve all the Nb in the C-Mn-Nb-Al steel. 
To Confirm this result, carbon extraction replicas were taken 
from a sample of the steel which had been reheated to 1150 0 C and 
qUenched, and examination of the replicas revealed no precipitation 
of either NbCN or AIN. 
In a similar fashion, the solution temperature of V(CN) in the 
C-Mn-V-Al steel was determined by examination of Fig. 6.18 which 
shows the hardness of samples quenched from various reheating 
temperatures, and then tempered for 1 hour at 600°C. These 
results indicated a solution temperature of 1110°C, and this was 
again confirmed by the examination of extraction replicas. 
For the C-Mn-Al steel, examination of extraction replicas taken 
from samples quenthEdfrom various reheating temperatures indicated 
a solution temperature of approximately 1100oC. 
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6.Y DISCUSSION 
The C-Mn steel shows excellent hot ductility over a wide range 
of austenite grain sizes when tested at 850°C, and it is only 
in the two phase region that this. steel shows a ductility trough, 
as detailed in chapters 4 and 5. When tested at 850°C, dynamic 
re-crystallization occurs before failure, leading to the isolation 
of develoPing grain boundary cracks, and hence producing high 
ductility failures. As described in chapter 4, the large voids 
apparent on the HTDR type fracture surfaces are grain boundary 
cracks, which developed prior to dynamic recrystallization, and 
~ere Subsequently isolated from the grain boundaries, and dis-
torted as deformation proceeded. The high ductility values 
obtained for the C-Mn steel irrespective of prior austenite 
grain size indicate that when the fracture mode is HTDR, grain 
size has no effect on ductility, as opposed to the quite marked 
effects on ductility which grain size has when the fracture mode 
is intergranulqr, as described in chapter 5. For reheating 
temperatures of 11000C and above, the C-Mn and C-Mn-Al steels 
have similar hot ductility, and this is due to the complete 
dissolution of AIN at 11000C, and the suppression of AlN precipi-
tation on Cooling to 850 0C, owing to the fairly rapid cooling rate 
of 60 0C/min. As mentioned in section 2.9.2 it is thought that for 
the precipitation of AIN to occur after solution treatment, cooling 
rates of less than 10C/min. are required. Reheating temperatures 
of 1000 and 8500C are insufficient to dissolve all the AIN present, 
and so on cooling to 8500C, AlN is present prior to-deformation 
in these samples. For the sample reheated to 10000C, the 
relatively coarse distribution of AIN is not effective in reta~ding 
the onset of dynamic recrystallization, and high ductility failure 
results. For the sample heated directly to 850 0 C, the AIN 
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distribution produced is much finer, and delays the onset of 
dYnamic recrystallization, allowing low ductility, intergranular 
failure to OCcur. 
The C-Mn-V-AI steel heated to 850°C and tested directly has 
similar hot ductility to the C-Mn-AI steel tested after the same 
treatment, and again this is due to the delay of the onset of 
dynamic recrystallization due to the precipitation of V(CN) and 
AIN. The results of section 6.3 indicate that reheating at 
1100 0 C for 5 minutes is sufficient to dissolve all the AlN and VCN. 
Replica examination also reveals that reheating above 11000C pro-
duces a precipitate distribution which is independent on reheating 
temperature, consisting of a random distribution of V(CN), with 
oCcasional grain boundary precipitation AlN is not present due to 
the relatively fast cooling rates used after reheating. Therefore, 
for the C-Mn-V-AI steel, the gradual decrease in hot ductility 
with increasing reheating temperature is not due to a change in 
precipitate distribution, but is more likely to be caused by the 
increase in grain size. 
For the C-Mn-Nb-AI steel, reheating to 10000C prior to testing at 
850°C, and testing directly on heating to 850, a precipitatedis-
tribution of NbCN and AIN is produced, which is sufficient to 
delay the onset of dynamic recrystallization until fracture has 
occurred. Reheating to 11000C produces a coarse random distri-
bution of NbCN, which is ineffective in retarding dynamic 
recrystallization, and hence high ductility failure occurs. Re-
heating to temperatures of 1200 0 C and above leads to complete 
dissolution of all the NbCN, and subsequent precipitation occurs 
prior to testing during cooling from the reheating temperature, 
or during the test. The fine distribution of NbCN formed at grain 
boundaries and within the grains themselves after reheating to 
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12000C and above, retards dynamic recrystallization and allows 
low ductility, intergranular failures to occur. Precpitate 
distributions formed by reheating above 12000C are independent 
of the reheating temperature, samples reheating to 1200 and to 
13600C both having similar precipitate distributions after 
testing at 850°C, (Fig. 6.17). Therefore, it appears likely 
that the small decrease in reduction of area values from 36% 
to 28~o as the h t " "f 1200 t 13600C ~ re ea lng temperature lncreases rom 0 
is due to the change in austenite grain sizes as was the case for 
the C-Mn-V-Al steel. The foregoing results indicate that the 
hot ductility behaviour of this C-Mn-Nb-AI steel is dominated by 
the precipitation of NbCN-and AIN, and that austenite grain size 
has a secondary influence on hot ductility, if intergranular 
failure OCCurs. Both the C-Mn-V-Al and the C-Mn-Nb-Al shows 
similar trends of decreasing hot ductility with increasing grain 
size, when the precipitate distribution remains constant. How-
ever, the reduction in area values of the C-Mn-Nb-Al are con-
Siderably lower than those of the C-Mn-V-Al steel, at any given 
reheating temperature. This is probably due to the grain 
boundary preCipitation of NbCN, which restricts grain boundary 
migration, and hence allows grain boundary cracks to develop and 
grow; also the fine matrix precipitation of NbCn will concentrate 
strain at the grain boundaries more effectively than the coarser 
distribution of V(CN). 
The foregoing results indicate that at least in C-Mn-V-Al and 
C-Mn-Nb-Al steels, increasing grain size has a slight, detrimental 
effect on hot ductility, although precipitation is the major 
factor. Creep 'studies have produced a number of suggestions as 
to the mechanism by which grain size influences ductility, as 
described in section 2. These include the retardation of grain 
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boundary crack propogation by triple pOints, possible increases 
in grain boundary sliding rates with increasing grain size, and 
the increase in stress concentration at the grain boundary crack 
tip with increasing grain size. ~owever, the present study does 
not indicate which, if any, of the above mechanisms are respon-
sible for the effect of grain size on hot ductility. 
llS 
6.5 CONCLUSIONS 
1. For a test temperature of 850°C and strain rate of 3 x 10-3 
-1 
2. 
3. 
4. 
s ,grain size has no influence on the hot ductility of an 
0.19%C plain C-Mn steel. This is because dynamic recrystalli-
zation easily occurs at this temperature giving high reduction 
of areas and ductile fractures. 
In the case of C-Mn-Al steel grain boundary precipitation of 
AlN is effective in reducing hot ductility provided it is in 
a fine form. Reheating temperatures of 10000C coarsened the 
precipitates sufficiently to allow dynamic recrystallization 
to OCCur when tested at 850°C. Higher reheating temperatures 
cause dissolution of the AlN and because of its sluggishness 
in reprecipitating at the boundaries did not influence hot 
ductility, giving rise to high reduction in area values. 
Hot ductility in micro-alloyed Nb and V steels is dominated 
mainly by the precipitation processes. Ductility is worse 
when precipitation takes place both at the p grain boundaries 
and in fine form in the matrix as with Nb containing steels 
in which the NbCN is first taken into solution and then 
precipitates out dynamically during test. Ductility is best 
in those steels when the precipitates are presented in a 
coarse form randomly precipitated in the structure. This 
oCCurred in the Nb containing steel when reheated to 1100°C 
which coarsened the precipitates without taking much back 
into solution and more generally in the V containing steel 
throughout the whole temperature range, precipitation being 
in general Coarse and randomly distributed. 
When low ductility intergranular failures occur in micro-
alloyed steels grain refinement is likely to give some benefit. 
Refining the grain size from 300 to 150p. might be expected to 
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raise the R of A value s at 850°C by 15 t o 20% . Such an 
i mprovement may be useful in reducing transverse cracking 
in Nb grades of steel . 
117 
Steel C Si Mn P S Al Nb V N 
1. C-Mn .19 .20 1.40 .002 .013 - - - .004 
2. C-Mn-AI .15 .29 1.45 .003 .008 .017 - - .006 
3. C-Mn-V-Al .13 .30 1.44 .003 .003 .017 - .066 .009 
4. C-Mn-Nb-AI .12 .29 1.44 .003 .009 .015 .034 - .010 
Table 6.' Compositions of the steels examined (wt.%) 
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CHAPTER 7 
The Influence of static and Dynamic Precipitates 
on Hot Ductility 
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7.1 INTRODUCTION 
Numerous investigations into the hot ductility of micro-alloyed 
steels have confirmed that the precipitation of carbides and/or 
nitrides play an important role in the fracture behaviour of 
such steels after certain thermal cycles, and at intermediate 
strain rates. The precipitate size and volume fraction are 
recognised as being particularly important parameters. (Bernard 
et aI, 1978; Mintz and Arrowsmith, 1979; Ouchi and Matsumoto; . 
1982) During hot working, these precipitates may be present 
prior to deformatl'on, or I t" 1 th b f d d i a terna lve y, ey may e orme ur ng 
deformation. It is well known that the precipitation of AIN, 
NbCN and VCN is accelerated by deformation, compared to precipi-
tation rates measured during isothermal transformations in 
undeformed structures at the same temperature. (Vodopivec, 1973; 
LeBonet al, 1975; Weiss and Jonas, 1979; Akbenetal, . 1981). 
It is believed that this acceleration of precipitation is due to 
the introduction of favourable nucleation sites by the deformation 
process. The exact nature of these nucleation sites cannot be 
determined directly for transformable steels, but it seems likely 
that these sites are dislocation networks and vacancy clusters. 
This is sUpported by f NbC ""t t d on dl"S the observation 0 preclpl a e -
locations in austenitic stainless steels following high temperature 
testing. (Ohmori and Maehara, 1984). The proportion of static and 
dynamic precipitates present at a particular temperature after 
deformat" " 1 t " lon lS dependent on the cooling rate from the so u lon 
temperature , and also on the deformation rate. Slow cooling rates 
are likely to favour static precipitation. For the particular 
case of AlN, Cooling rates of approximately 10C/min. are believed 
to be required for the precipitation of AIN during continuous 
COOling " 
, a partlcularly sluggish reaction. (Gladman and Pickering, 
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1967) Dynamic p~ecipitation may not occu~ at ve~y high strain 
rates, since defo~mation usually ceases before the incubation 
time fo~ dynamic p~ecipitation has been reached. However, static 
precipitation may subsequently occur in the deformed structure. 
This static precipitation in a deformed structure occurs at 
rates inte~mediate between that of dynamic precipitation, and 
static precipitation in undefo~med metal. (Weiss and Jonas, 1979) 
The investigation of Weiss and Jonas (1979) showed that for the 
dYnamic p~ecipitation of NbC, strain rates of less than 10- 1 s-1 
were requi~ed, the exact values being tempe~atu~e dependent. A 
late~ stUdy by Akben et al (1981) showed that a similar strain 
~ate was required fo~ the dynamic p~ecipitation of VN. Anothe~ 
impo~tant ~esult f~om a study by Weiss and Jonas (1980) was that 
dynamically precipitated NbCN was finer than the equivalent static 
preciPitates formed at the same temperature. 
It can be seen from the foregoing that p~ecipitate volume fraction 
and . 
Slze are dependent on whether the precipitate is formed in a 
dYnamic o~ in a static situation. Therefore, since both 
preCipitate volume fraction and size play an important role in 
dete~mining the hot ductility of micro-alloyed steels, it would be 
expected that dynamic and static p~evipitates would each have a 
distinct influence on hot ductility. 
Investigations into the influence of the static and dynamic 
preciPitation of AiN have concluded that precipitates present 
before defo~mation are more detrimental to hot ductility than 
thOse fo~med dU~ing the test. (Vodopivec, 1978; Wilcox, 1982) 
Wilco}( h f ti . as also concluded that NbCN formed during de orma on 1S 
more detrimental to hot ductility than that existing prior to 
deformation. 
It w 
as therefore, decided in this chapter to investigate the 
~elative influences of the static and dynamic precipitation of 
l~ 
of AlN, NbCN and VCN on the hot ductility of three micro-alloyed 
steels. 
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7.2 EXPERIMENTAL 
The C-Mn-Al, C-Mn-V-Al and C-Mn-Nb-Al steels examined in chapter 
6 were chosen for the present investigation. The compositions 
of these steels are given in Table 6.1 (code numbers 2, 3 and 4), 
and processing details are given in section 6.2. Tensile samples 
having a gauge length of 80 m.m. and a diameter of 7.9 m.m. (Fig. 
3.6) were machined from the plates with their axes parallel to 
the rolling direction, for testing using the induction heating 
apparatus described in section 3.2.3. All three steels were 
solution treated for 10 minutes at 1330o C, prior to cooling to 
test temperature at an average rate of 100°C/min. to suppress 
pre-test preCipitation. For the C-Mn-Nb-Al steel, tests were 
performed at 950 o C, since it is close to this temperature that 
NbCN preCipitation is most rapid. (Weiss and Jonas, 1979) 
Samples were either tested immediately on reaching this tempera-
ture, or held for up to 21,000 s before testing. This enabled 
the proportion of static precipitates to be varied from 0 for 
the samples tested immediately, to approximately 100% for the 
longest holding times prior to testing. For the C-Mn-AI and 
C-Mn-V-AI steels, the test temperature was reduced to 850°C since 
AIN and VCN precipitate most rapidly at lower temperatures than 
NbCN. (Leslie et al, 1954; Akben et aI, 1981) 
It should be noted that 8500C is above the Ae, temperature calcu-
lated USing Andrews' formula (1965) for both the C-Mn-AI steel 
and the C-Mn-V-Al steel. 
Longitudinal sections including the point of fracture were taken 
from broken tensiles and prepared for metallographic examination. 
Fracture surfaces were examined using a JEOL T100 SEM operating at 
25 KV. C to n arbon extraction replicas were prepared from sec 10 s 
approximately lm.m. behind the fracture surface, as described 1n 
section 3.3. 
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To investigate the static precipitation of NbCN at 950°C, the 
method of loss of secondary hardening potential was used, as 
described in chapter 6. 
Small samples of the C-Mn-Nb-Al steel were solution treated at 
1330 0 c for 10 minutes, rapidly cooled to 9500C, and maintained 
at this temperature in a muffle furnace for varying periods of 
time. After the appropriate length of time, the samples were 
qUenched into iced brine, and then tempered at 600°C for 1 hour. 
Hardness measurements were then taken from sectioned and 
polished samples using a Vickers DP machine. An attempt was 
made to follow the static precipitation of VCN in the C-Mn-V-Al 
steel Using this same method, but unfortunately, only very small 
hardness changes were obtained, which could not be confidently 
interpreted. 
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7.3 RESULTS 
7.3.1 Hot Tensile Tests 
Figs. 7.1 - 7.3 show the va~iation of ~eduction in area and peak 
stress, ap, with holding time p~j,o~ to testing at 950 0 C fo~ the 
C-Mn-Nb-AI steel, and at 850 0 C fo~ the C-Mn-AI and C-Mn-V-AI 
steels. The hot ductility of the C-Mn-Nb-AI steel increases 
Slightly as the holding time inc~eases, ~1sing from 30% ~eduction 
in a~ea fo~ 1 s holding time, to 45% fo~ 21,000 s -holdieg time. 
Peak st~ess falls f~om 57 MPa to 52 MPa as the holding time in-
creases to 21,000 s. Fo~ the C-Mn-V-AI steel tested at 8500C, 
~eduction in area values fall from 52% to 40%, as the holding 
time prio~ to testing increases to 21,000 s, whilst peak st~ess 
remains approximately constant at 69 MPa. The C-Mn-Al steel has 
redUction in area values of over 95% for all holding times, and 
a constant peak stress of 69 MPa. Figs. 7.4 _ 7.6 illust~ate 
the load-elongation curves for all three steels, for va~1ous 
hOlding times prior to testing. For all holding times, the load-
elongation curves of the C-Mn-AI steel show a sudden fall, which 
is cha~aceristic of the onset of dynamic recrystal11sation, (Wray, 
1975) illustrating that dynamic rec~ystallization occurred during 
all tests involving this steel. 
CUrves f 
or the C-Mn-Nb-AI steel 
Conversely, the load elongation 
indicated that in all cases, 
fractu~e occurred before the onset of recrystallization. For the 
C-Mn-V_AI Steel, the load elongation curves showed that the steel 
held for 1 $ P~ior to testing had undergone recrystallization, 
Whilst for h I h d ed o ding time greate~ than 1 S, f~acture a occur~ 
before 
recrystallization. 
7.3.2 ii,etallography 
OPtical d 1 d 
an SEM fractography ~evealed that the C-Mn-V-A an 
C-Mn-Nb_Al steel fractured at the austenite grain boundaries for 
all hOlding t;mes. f il d ere obse~ved 
• Two interg~anula~ a ure mo es w 
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in these two steels, i.e. intergranular decohesion (ID) and 
intergranular microvoid coalescence (IMC), the former mode 
predominating. These fracture surfaces were essentially simiJar 
to the intergranular failures described in chapter 6. Examl~ . 
nation of the austenite grain structure after fracture revealed 
a coarse, unrecrystallized structure for both the C-Mn-V-Al and 
C-Mn-Nb-Al steels, the former having a grain size of 300 pm, 
the latter having a grain size of 360 pm. Holding time prior 
to testing had no influence on grain size in either steel. The 
C-Mn-AI steel showed the high temperature ductile rupture mode 
of failure described in previous chapters for all holding times. 
Examinatl' f ' h C M on 0 carbon extractlon replicas taken from t e - n-
Al steel showed no precipitation in any of the fractured samples. 
The C-Mn-Nb_AI steel showed extensive precipitation of NbCN for 
all hOlding times prior to testing. No AIN precipitation was 
eVident. For the sample tested after 1 s holding time, exten-
Sive mat ' , b d 
rlX and graln boundary precipitation of NbCN was 0 serve , 
(Fig. 7.7) and in some cases, precipitate free zones adjacent to 
the grain boundaries. After 7200 s holding time, in addition to 
the fine NbCN preCipitates, a coarser form of NbCN precipitate 
was present, and i t' 1 th coarse after 21,000 s hold ng lme, on y e 
NbCN preCipitate was observed. (Fig. 7.7). Fig. 7.8 shows the 
eVOlution of precipitate size distribution with holding time prior 
to testing. For holding times of 1 a, the precipitate frequency 
distribution is uni-modal, with a mean diameter of 15 nm. After 
7200 s hOlding time, the frequency distribution is bi-modal, and 
rem ' 
alns bi-modal after 21,000 s holding time, although the peak 
at the smaller preCipitate size was much reduced. These results 
compare well with the NbCN size measurements of Weiss and Jonas 
( 1980) 
The C-Mn-V-AI steel Showed preCipitation of VeNin all the fractured 
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samples (Fig. 7.9). In the sample held for 1 s prior to fracture, 
VCN precipitates are randomly precipitated. However, for the 
samples held for 21,000 s prior to testing, precipitation occurs 
predominantly at the austenite grain boundaries (Fig. 7.9). No 
AIN precipitation was observed in the C-Mn-V-Al steel. Fig. 
7.10 shows the evolution of precipitate size with holding time 
prior to testing. For all holding times, the size distribution 
is unimodal, and mean precipitate diameter increases from 12 nm 
for 1 S holding time to 50 nm for 21,000 s holding time. 
7.3.3 Static Precipitation of NbCN 
The hardness results used to follow the static precipitation 
kinetics of NbCN at 950°C in the C-Mn-Nb-AI steel are shown in 
Fig. 7.11. Quenching directly from 1330 0 C followed by 
tempering at 600°C for one hour resulted in a hardness value of 
304 Vickers. This hardness value corresponds to zero NbCN pre-
CiPitation at 950°C. When samples are held at 950°C for more 
than 300 s prior to quenching and tempering, hardness values 
begin to fall, and after holding for 21,000 s at 950 0 C the hard-
ness values reach 255 Vickers. Assuming that NbCN precipitated 
at 950°C makes no contribution to hardness after quenching and 
tempering, these results can be interpreted as showing that NbCN 
preCiPitation at 9500C begins after approximately 300 s, which 
agrees approximately with the results of other workers. 
(Watanabe et aI, 1977; Weiss and Jonas, 1979) The hardness values 
show no sign of attaining a constant value after 21,000 s, which 
indicates that NbCN precipitation at 950°C is still not complete 
after this t ' lme. 
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7.4 DISCUSSION 
The absence of precipitation in the C-Mn-AI steel tested after 
ls holding time indicates that fracture occurs before the 
incubation . d i fAIN h per~o necessary for ~ynamic precipitat on 0 as 
been reaChed. The time to failure for this test was - 300s, 
and so the incubation time for the dynamic precipitation of AIN 
must exceed this period. No precipitation of AlN was observed 
in the sample held for 21,000 s prior to testing, and this 
indicates that the incubation time for the static precipitation 
of AlN is greater than 21,000 s. Unfortunately, the very slow 
preCipitation rates of AlN (both dynamic and static) mean that 
no conclUsions can be drawn on the relative influences of 
dynamically and statically precipitated AlN. The absence of 
grain bOUndary pinning precipitates in the C-Mn-Al steel means 
that dynamic recrystallization could occur rapidly, isolating 
grain boundaries from the developing cracks, and producing high 
ductility failures. 
For the C-Mn-Nb-Al steel, the rapid static preCipitation rate of 
NbCN, as indicated by the hardness results shown in Fig. 7.11 
mean that only the sample tested with holding time of 
-
ls 
prior to deformation, will show a precipitation pattern formed 
Solely d . ur~ng deformation. The remaining samples all contain 
a proportion of NbCN formed prior to testing. The particle size 
distributions Shown in Fig. 7.8, which are similar ' to those 
determined by Weissand Jones (1980), indicate that the dynamic 
preCiPitates have. a mean diameter of 15 n.m., whilst the static 
preCipitates are larger, having a diameter of 60 nm. 
of Fig. 7.7 shows that dynamic precipitates of NbCN 
gr . a~n boundaries, and within the grains themselves. 
Examination 
form both at 
This matriX 
preCiPitation of NbCN is sufficient to produce a slight increase 
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in peak stress. I n contrast, static NbCN precipitates appear 
to form mainly at austenite grain boundaries, with little 
matrix precipitation. 
The observation of coarse,un-recrystallized grain structures 
in all the fractured samples indicates that both the dynamic 
and static distributions of NbCN are effective in retarding 
the onset of dynamic recrystallization. A possible explanation 
for the inferior hot ductility of the samples containing a large 
proportion of dynamic precipitates is the extensive matrix 
precipitation of NbCN, and the tendency to form precipitate free 
Zon ' es ~n these samples, which lead to strain concentration at 
the grain boundaries, and hence reduce hot ductility. 
For the C-MN-V-AI steel tested after a holding time of 1s, the 
random distribution of dynamically precipitated VCN is only 
partially effective in preventing dynamic recrystallization. 
F ' ~g. 7.6 shows some evidence of dynamic recrystallization before 
fractur t ' t t e, the load elongation curve for the 1s holding ~me es 
ShOwing the characteristic drop in load associated with the onset 
of dYna ' m~c re-crystallization. However, dynamic recrystallization 
has occured. ata far later. stage of deformation than for the C-Mn-
Al steel, and this has led to the relatively low reduction in 
area value of 52%. Thus it can be said that the randomly distri-
buted dYnamic VCN retards dynamic recrystallization to some extent, 
but recrystallization does occur before final fracture is complete. 
There seem to be few reports in the literature on VCN precipitation 
kinetics, but for dynamic precipitation kinetics the PTT curve for 
NbCN and VN are similar, with the nose of the latter curve occurring 
at lower temperatures than the NbCN curve. (Akben et al, 1981) 
Also, there seems to be distinct differences in precipitation. 
patterns for the steel tested after 1s, and after 6 hours, the 
latter being larger and distributed at austenite grain boun-
daries, and this would seem to indicate that the static 
preciPitation of VeN is well advanced after 6 hours. This array 
of static VCN precipitates at austenite grain boundaries is 
effective in preventing dynamic recrystallizatiori before fracture, 
leading to low ductility intergranular failures. Thus it can be 
ConclUded that for the C-Mn-V-Al steel, dynamically precipitated 
VeN is less effective in retarding recrystallization than 
statically precipitated VCN, and this leads to static VeN having 
the greater detrimental effect on hot ductility. 
l~ 
7.5 CONCLUSIONS 
1. 
2. 
3. 
4. 
In a C-Mn-Nb-Al steel tested at 950°C, both dynamic 
and static arrays of precipitates were effective in 
delaying the onset of dynamic re-crystallization long 
enough for brittle, intergranular failure to occur. 
The dynamic precipitates of NbCN were formed at grain 
boundaries, and within the matrix, and were finer than 
the equivalent static precipitates, which formed 
predominantly at the grain boundaries. 
Samples of the C-Mn-Nb-Al steel held for short times 
prior to testing, and hence having a greater proportion 
of dynamic precipitates, had inferior hot ductility to 
those samples held for longer times. It is believed that 
this is due to the extensive matrix precipitation, and the 
eXistence of precipitate free zones in the samples held for 
only short times prior to testing, leading to strain con-
centration at the grain boundaries. 
In a C-Mn-V-Al steel tested at 850°C, the static precipitate 
distribution formed after long holding times prior to 
testing was more effective in retarding re-crystallization 
than the dynamic precipitate distribution, leading to 
inferior hot ductility in the samples held for longer times 
prior to testing. 
1~ 
+-I 
80 
~ 0 
« + w 60 a:: 
« 
--z • • 1-1 
z "40 • 
• 0 
-..... + U o-p 
::> ~ .-
Cl 20 ~ 
REDUCTION IN AREA w 
n: • 
10 100 1000 10000 
HOLDING TIME , S 
Fig. 7.1 Influence of holding time prior to testing on peak stress and hot ductility of 
the C-Mn-Nb-Al steel, tested at 50°C. 
50 
I 
r 
0 
a. 
L 
-
ba. 
-\40 
• 
~ 0 
80~+ 
« 
UJ 60 0:: 
« 
z 
...... 
z 40 
0 
...... 
~ 
u 
::> 
a ·20 
w 
et: 
• 
• • 
+ + 
----
+ 
+ (Jp 
• REDUCTION IN AREA 
I 
10 100 1000 10000 
HOLDING TIME I S 
Fig. 7.2 Influence of holding time prior to testing on peak stress and hot ductility of 
the C-Mn-Al steel tested 850°C. 
170 
1 ~ 60 
150 
80 
~ 1+ 0 .+ 
}O 
---
+ 
:t= 
<{ 
llJ 60 
et: 
« 
z 
..... 
z 
0 
..... 
....-
u 
::> 
Cl 
W 
Cl:: 
I • 
1 _____________________________________________ • 
40 .-- ~60 
+ <Jp 
20~ • REDUCTION IN AREA ,% 
~--------~----------~L-----------~----------~--------~'50 10 100 1000 10000 
HOLDING TIME I S 
Fig. 7.3 Influence of holding time prior to testing on peak stress and hot ductility of 
the C-Mn-V-Al steel, tested at 50°C. 
0 
a.. 
L 
-be. 
100 
o 75 
a. 
L 
If) 
If) 
W 
(l': 
~ 50 
Fig.7.4 
5 
",21,0005 
10 
ELONGATION I mm 
15 
Stress-elongation curves for the C-Hn-Nb-Al steel held at 
950 0C for various times prior to testing. 
100 
o 75 
0. 
z: 
(/) 
(/) 
w 
a:: 
'v; 50 
25 
fiJl:. 7.5 
RECRYSr'N 
5 10 
ELONGATION, mm 
15 
Stress elongation curves for the C-Mn-Al steel held at 
850 0 C for various times prior to testing. 
100 
o 75 
a. 
2: 
.;, 
tf) 
W 
0:: 
t;; 50 
Fill' . 7.6 
5 10 
ELONGATION I mm 
15 
Stress elongation curves for the C-Mn-V-Al steel held -at 
850 0 C for various times prior to testing. 
a 
c 
. ~ 
• 
• 
.. 
• 
.. 
~ . 
m 
650nm 
550nrn 
----.J 
" . 
NbCN precipitation in C-t-in- b- Al steel afte r hold i ng f o r 
al 1 $ bl 7200 § and cl 21000 b prior to t es ting a t 9500C 
a 
>-
u 
6]50 r--
:) 
er 
w 
0:: 
LL 25F--
I--
>-
u 
6]50 
:) 
er 
w 
0:: 
LL 25 
>-u 
6]50 
:.:> 
er 
w 
0:: 
LL 25 
20 40 60 80 
PRECIPITATE SIZE (nmJ 
20 40 60 80 
PRECIPITATE SIZE (nmJ 
20 40 
PRECIPITATE 
. . -Nb-Al steel after 
Precipitate size distribut10ns 1n C-7n21000 s prior to tes ting 
holding ror a) 1 s b) 7200 sand c 
at 950 o c. 
l3,um 
l3).Jm 
d · for a) 1 s Precipitation in C-Mn-V- Al steel after hol ~ng 
and b) 21000 s prior to testing at 850°C 
[ i 6..:.. 7 . 10 
~
>-
u 
aJ50 
=> .--
Cf 
W 
er: 
LL25 t--
>-
u 
aJ5 0 
=> 
Cf 
w 
er: 
LL 25 
20 L.O 60 80 
PRECIPITATE SrZE (nmJ 
20 40 50 80 
PRECIPITATE STZE (nmJ 
Precipita te size distri butions in C_Mn- V- Al steel afte r 
hold i ng fo r a ) 15 and b) 2 1000 s prior to testing at 8 5 0°C . 
If) 
~280 
2: 
o 
et: 
<t 
:r: 2 60 
If) 
et: 
lLJ 
~ 
8240 
> 
o 
\ ----------as quen che d • ______ 
.'-........ 
\~ 
.-
10 100 1000 10000 
TIME, S 
Fig . 7 . 11 Ha r dness of the C- Mn- Nb- Al steel 
followi"ng quenching and tempering , 
after holding for va r ious times at 
950 0 C 
: 
CHAPTER 8 
The Influence of Temperature Oscillations During 
Cooling on the Hot Ductility of a C-Mn-Nb-Al Steel 
131 
8.1 INTRODUCTION 
The problem of transverse cracking in continuously cast slabs 
has received much attention in recent years and many workers 
have performed hot tensile tests on the susceptible grades of 
steel in order to gain a better understanding of the phenomenon. 
(Bernard et aI, 1978; Mintz and Arrowsmith, 1979; Ouchi and 
Matsumoto, 1982; Ma'ehara and Ohmori, 1984). In 'performing such 
tests, it has been usual to use a thermal cycle which simulates 
to some extent that experienced by the continuously cast slab. 
TYPical thermal cycles have involved an initial high temperature 
solutio t d t n reatment to dissolve any precipitates present an 0 
produce a coarse grain size, followed by cooling to test 
temperature at a rate similar to the surface cooling rate of the 
continuously cast slab. However, the actual thermal cycle 
experienced at the continuously cast slab surface, where trans-
verse cracks form, is highly complex, and usually a temperature 
oscillation is set up in the slab surface by the alternate 
impingement of water sprays and rolls on the slab. Such a 
temperatu~e , oscillation is shown in Fig. 2.5. This cooling 
pa t te rn d' ff t ft 1 ers drastically from the constant cooling ra e a er 
solutio t h t n reatment employed in the majority of previous 0 
ductility studies. 
As discussed in section 2.9, the precipitation of NbCN and AlN is 
an important factor in determining the hot ductility of micro-
alloyed steels, and the rate of cooling after solution treatment 
would be eXpected to have an important effect on precipitation, and 
hence h ot ductility. Indeed, Nozaki et al (1978) showed that this 
preciPitation of AlN after solution treatments was accelerated when 
a temperature oscillation was introduced into the cooling pattern.' 
As well as influencing precipitation, cooling patterns effect the 
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thermal stresses set up, and Tomono (1977) has shown that these 
stresses alone are sufficient to cause cracking in steel slabs, 
when the slab temperature is oscillated rapidly by the impingement 
of water sprays. 
To date, it appears that only Offerman et al (1981) have investi-
gated the hot ductility of micro-alloyed steels using a cooling 
pattern which incorporated cyclic temperature oscillation, following 
sOlution treatment. They found that the ductility trough observed 
in micro-alloyed steels following continuous cooling was broadened 
by the introduction of temperature oscillations. The work of 
Wilcox (1982) is also of some relevance, as he investigated the 
hot ductility of micro-alloyed steels following solution treatment, 
Continuous COoling to an intermediate temperature, followed by 
testing at a higher temperature. For such a thermal cycle, the 
temperature range of the ductility trough was extended, as com-
pared with direct cooling to test temperature, due to the increased 
preciPitation occuring at the intermediate temperature. 
The foregoing results would indicate that the majority of previous 
hot ductility t" t " p~ocess 
4 4 studies relating to the con ~nuous cas ~ng • 
would tend to Over estimate hot ductility, and therefore the aim of 
this chapter is to investigate the influence of cooling patterns 
invOlv" t f ··"b ~ng temperature oscillations on the hot ductili y 0 an. ~ 
micrO-alloyed steel. 
IJJ 
8.2 EXPERIMENTAL 
The steel chosen for this examination was the C-Mn-Nb-Al steel 
Used in the previous two chapters. Composition is given in Table 
8.1 and processing details are given in section 6.2. Tensile 
samples of gauge length 80 mm and diameter 7.9 mm (Fig. 3.6) were 
machined from the plate with their axes parallel to the rolling 
direction, for testing using the induction heating equipment 
described in section 3.2.3. This equipment is capable of producing 
very rapid cooling rates, suitable for the simulation of rapid 
temperature oscillations in the tensile samples. 
Ideally, Cooling patterns which simulate exactly that of the con-
tinuous casting process would have been used, but, as the computer 
simulations of Nozaki et al (1978) shows, such a cooling pattern 
is Complex , involving variable cooling rates and temperature 
Oscillations of varying amplitude, which would be difficult to 
reprOduce conSistently in a hot tensile test. For this investigation, 
it was decided to choose three realively simple cooling patterns, 
involv" f lng constant cooling rates, and temperature oscillations 0 
constant amplitude. 
The three Cooling patterns investigated are shown schematically in 
Fig. 8.1. t 1 tl"on In each case, the tensile sample was heated 0 a so u 
temperature of 13300C in approximately 10 minutes, and held at this 
temperature for 5 minutes prior to cooling to test temperatures in 
the range 850 _ 11000C. Cooling pattern 1 (CP1) involved cooling 
at a constant rate of 600C/min. (approximately that of the 
Cont" lnUOUsly cast slab surface) to test temperatures. Cooling 
pattern 2 (CP2) used an overall cooling rate of 600C/min., but at 
temperatures below 1100oC, a temperature oscillation was introduced, 
having a minimum to maximum amplitude of 500C, and period of 45s. 
COOling pattern 3 (CP3) was similar to CP2, but the amplitude of 
the temperature oscillation was 1000C, and the period 90s. All 
three COoling patterns were produced by manual adjustment of the 
induction heating unit. For all three cooling patterns, the 
sample temperature was stabilised at the test temperature for 5 
minutes, and then the samples strained to failure using a strain 
rate of 3 x 10-3 -1 s After fracture, the samples were cooled 
rapidly to room temperature in approximately 2 minutes. Examples 
of the actual Cooling patterns for samples tested at 870°C and 
1050 0 C are shown in Fig. 8.2. 
Fractured surfaces were examined using a JEOL.T.l00 SEM, and 
carbon extraction replicas prepared and examined, as described in 
section 3.3. In order to see how closely the precipitation 
pattern in fractured hot tensile samples resemble that formed in 
Continuously cast slab, carbon extraction replicas were al~s 
prepared from a continuously cast slab of thickness 229 mm. The 
compo °to I d ° S1 10n of the slab is similar to that of the stee use 1n 
the hot ductility tests, and is given in Table 8.1. Carbon 
extraction replicas were taken from 2 mm below the slab surface, 
and from the slab centre. 
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8.3 RESULTS 
8.3.1 Hot Ductility Tests 
The variation of reduction in area with test temperature for 
all three cooling patterns is sh9~n in Fig. 8.3, and in each 
case, a severe ductility trough is apparent, the depth and 
width of which varies for each cooling pattern. For CP1, 
reduction in area falls from 90% to 24% as the test temperature 
is reduced from 1,000 to 8500C. For CP2 the ductility trough 
is deeper and broader than that of cooling pattern 1, reduction 
in area f 11" t i a ~ng from 87% to 19% as the test tempera ure s 
reduced from 1050 to 8500C. For CP3 the depth of the ductility 
trough is similar to that of CP2, but the ductility trough 
extends to a temperature of 10750C. 
The load-etongation curves for each cooling pattern are shown 
in F.igs. 8.4 _ 8.6. Peak load values at a given temperature 
are similar for each cooling pattern. The onset of dynamic 
recrystallization as determined by the abrupt drop in load 
du " 
rIng deformation, varies for each cooling pattern. The 
temperature range over which dynamiC recrystallization occurs 
for each Cooling pattern is indicated on Fig. 8.3. For CP1 
dYnamic recrystallization occurs in samples tested at 1,000oC 
Or above, whilst for CP3, this temperature is raised to 1100oC. 
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8.3.2 Metallography 
SEM fractography revealed that low ductility failures were 
intergranular in nature, and similar to the intergranular 
decohesion (ID) and intergranular microvoid coalescence (IMC) 
fracture modes described in previous chapters, the former 
fracture mode predominating. High ductility failures were of 
the ductile rupture type described previously. 
Examination of carbon extraction replicas taken from samples 
fractured using cooling patterns 1 and 3 in' th~ tempera~ure 
range 870 _ 10500C revealed extensive precipitation of NbCN 
in all cases. AlN precipitation was not observed. At 870oC, 
for both cooling patterns, similar precipitation patterns were 
observed (Fig. 8.7), consisting of extensive grain boundary 
precipitation of NbCN, and also a fine, matrix precipitation 
of NbCN. Grain boundary particle size and spacing were 15 nm 
and 60 nm respectively, and matrix particle size was 7 nm. 
At a test temperature of 970oC, precipitation was again similar 
for each cooling pattern, but grain boundary precipitate size 
and Spacing are greater than at 8700C (Fig. 8.8) being 30 nm 
and 75 nm respectively. At test temperature of 1050o C, grain 
boUndary precipitation of NbCN is still apparent, but little 
matrix p " reclpltation was observed. However, grain boundary 
preciPitate size and spacing differ for each cooling pattern: 
for CPl precipitate size and spacing are 45 nm and 150 nm 
reSpectively, whilst for CP3, the values are 35 nm and 70 nm 
(Fig. 8.9) 
TYPical precipitation in the continuously cast slab at the 
sUrface, and at the centre, is shown in Fig. 8.10. At the slab 
surface, much grain boundary and matrix precipitation of NbCN 
was observed. At the slab centre, precipitation was more 
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random in nature. and only occasionally were grain boundaries 
decorated by precipitates. At the slab centre. in addition 
~o NbCN. a larger. angular particle was present (Fig. 8.10) 
analYsis of these particles indicated {Mn. Fe)s. typically 
Containing approximately 7 wt.% Fe. The precipitation observed 
at the slab surface is similar in size and nature to that 
observed in tensile samples tested in the temperature range 
1,000 - 1050 DC. Therefore. it would seem reasonable to assume 
that the majority of the precipitates observed at the slab 
Surface were formed in the temperature range 1,000 - 1,050 DC, 
and that precipitation patterns observed in hot tensile tests 
are similar to those found in the actual continually cast slab. 
1)8 
8.4 DISCUSSION 
The ductility trough observed in the temperature range 850 -
1000°C is typical for C-Mn-Nb-Al steels tested using low 
strain rates after high tempera~ure solution treatment (see 
section 2.9). The unusual feature of the hot ductility curves 
shown in Fig. 8.3 is the dependence of the width of the 
ductility trough on the cooling pattern used. This behaviour 
is similar to that observed by Offerman et al (1981). Tomono 
(197'3-)' showed that when steel slabs are subject to rapid 
temperature fluctuations due to the impingement of water sprays, 
the thermal stresses generated were sufficent to cause cracking. 
This seems an unlikely explanation for the present situation, 
as COoling rates are far less severe in the hot tensile test, 
compared with cooling by water sprays. However, to ensure that 
ten '1 s~ e samples were not cracked by thermal stresses prior to 
testing, a sample was cooled using cooling pattern 3, but not 
tested. Inspection using low power microscopy and dye penetrant 
tech ' n~ques failed to indicate any cracks. 
The observation of enhanced NbCN precipitation at 1050 0 C using 
COOling pattern 3 provides an explanation for the increased width 
of the ductility trough. As indicated in Fig. 8.3, this 
increased precipitation has led to the onset of dynamic re-
crystallization being delayed to test temperatures of 1100 0 C for 
COOling pattern 3, presumably due to increased grain boundary 
Pinning by the NbCN precipitated. It is this delay in re-
crystallization which produced the extended ductility trough when 
COOling patt 11 ' t;me for the nucleation ern 3 was used, by a ow~ng ~ 
and growth of intergranular cracks. It should be noted that even 
when dynamic ~ecrystallization is not occuring, hot ductility 
tends to increase with test temperature, in a similar fashion to 
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that observed by Wilcox and Honeycombe (1984) in C-Mn-Nb and 
C-Mn-Nb-AI steels. This increase may be due to the increase 
in the rate of dynamic recovery as the temperature is raised, 
leading to a decrease in the stress levels at grain boundary 
triple points and other crack nucleation sites. In addition, 
matrix hardening by NbCN precipitates decreases as the temperature 
increases, due to the decreased volume fraction of NbCN preci-
Pitates. 
COoling pattern 2 shows ductility intermediate between that of 
patterns 1 and 3, but any changes in precipitation were not 
large enough to be detected by carbon extraction replicas, as 
preCipitate distributions after using cooling patterns 1 and 2 
were Similar. 
Thus the hot ductility behaviour of a C-Mn-Nb-AI steel after 
USing different cooling patterns can be explained in terms of 
the differences in the precipitation of NbCN which these cooling 
patterns produce. Nozaki et al (1978) observed that temperature 
OSCillations above and below the transformation temperature led 
to enhanced preCipitation of AIN, but such an explanation cannot 
be Used to account for the enhanced NbCN precipitation observed 
in th e present study, as the lowest temperature reached during 
the OSCillations was approximately 800°C. The Ae3 temperature 
calCUlated for this steel using Andrews'S equation (1965) is 
840°C, but the Ar3 temperature is still likely to be well below 
800oc, due to t d . th temperature the very rapid cooling ra e urlng e 
OSCillations. Therefore, at no time is the steel cooled below 
the Ar 3 temperature. 
A POSSible explanation for the enhanced precipitation of NbCN 
dUring temperature oscillations becomes apparent when it is noted 
that USing CP3 and a test temperature of 1050 o C, the lowest 
l~ 
temperature reached is approximately 950 oC, and that the time 
Spent at temperatures near 950 0 C is approximately 2 minutes. 
The studies on the precipitation kinetics of NbCN by Le Bon et 
al (1975), Watanabe et al (1977) "and Weiss and Jonas (1979) have 
all shown that NbCN precipitation is most rapid around 950oC. 
The incubation time for precipitation appears to vary with the 
method used for the precipitation study, but at 950oC, incubation 
times a 
re usually in the range 1 - 5 minutes. Thus by cooling to 
950
0
C prior to testing at 1050o C, an opportunity is given for 
the rapid precipitation of NbCN to occur at 950 oC, leading to higher 
VOlume fractions of NbCN at 1050 0 C than would be expected simply 
by direct COoling to 1050oC. The study of the static precipitation 
kinetic f N f d i o bCN at 950 0 C using hardness measurements per orme n 
Chapter 7 support this argument, as they demonstrate that for 
th " 
lS particular C-Mn-Nb-Al steel, precipitation of NbCN commences 
after approximately 5 minutes (Fig. 7.11). 
With 
regards to continuous casting, it is apparent from Fig. 8.3 
that the COoling pattern used is only likely to influence trans-
Verse Cr k" " " " b 
ac lng lf the slab straightenlng temperature lS a ove 
97a oC. F h t 
or straightening temperatures above 970 oC, when 0 
ductility is strongly influenced by cooling pattern, it is obviously 
important to maintain uniform cooling of the slab surface. 
In the present study, temperature oscillations have occured entirely 
in the austenite. During the actual continuous casting process, 
temperature oscillations are likely to occur which lead to cyr.ling 
through the y _ Q transformation. Under such conditions, hot 
ductility would be expected to be reduced still further, due to 
sUch effects as the enhanced precipitation of AlN (Nozaki et aI, 
1978) and the introduction of transformation stresses. (Coleman 
and Wilcox, 1985). Therefore, under actual continuous casting 
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conditions, transverse cracking is likely to be reduced by the 
use of a uniform cooling pattern even if the slab straightening 
temperature is less than 970°C. 
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8.5 
1 • 
2. 
3. 
CONCLUSIONS 
Introducing temperature oscillations into the cooling 
pattern of a C-Mn-Nb-Al steel after solution treatment 
leads to an extension in the . temperature range of the 
ductility trough normally associated with such steels 
after uniform cooling from solution temperature. 
This extension of the ductility trough is due to the 
retardation of dynamic recrystallization introduced by 
the temperature oscillations during cooling. This is 
caused by enhanced NbCN grain boundary precipitation 
during the temperature oscillations. 
If the straightening of continuously cast slab is per-
formed at temperatures above 970 oC, it is important to 
keep the slab surface cooling as uniform as possible. 
Steel C Si Mn P S Al N 
1 
.12 .29 1.44 .003 .009 .015 .010 
2 
.14 .22 1.36 .. 005 .011 .030 .009 
Table 8.1 Compositions of the steels examined (wt. %) 
- C-Mn-Nb-Al steel for hot tensile testing 
2 - continuously cast slab 
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·CHAPTER 9 
THE HOT DUCTILITY OF A DIRECTLY CAST 
C-Mn-Nb-Al STEEL 
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9.1 INTRODUCTION 
In chapter 8, it was noted that the majority of previous hot 
ductility studies simulate only approximately the thermal cycle 
exp , er1enced by the continuously cast slab, and an attempt was 
made to produce a cooling pattern similar to that experienced 
during continuous casting. However, as in the majority of 
previous studies, these tests were performed on wrought, as 
opposed to cast, materials. The wrought material might be 
eXpected to have improved hot ductility when compared to the as 
cast material, owing to such factors as the refinement of the as 
cast grain size, and also due to the formation of new grain 
boundari h' d es, w 1ch are away from the original highly segregate , 
as cast, austenite grain boundaries. 
Of the few studies conducted on the hot ductility of as cast 
material, (Lankford, 1972; Harding et aI, 1977; Suzuki et al 
1982; Rogberg, 1983)none have used C-Mn-Nb-Al steels, and only 
the studies of Lankford and Suzuki were aimed at simulating the 
continuous casting process. Therefore, it was decided to investi-
gate the hot ductility of a C_Mn-Nb-Al steel conforming to BS 4360 
grade 50D composition limits, (a grade particularly prone to 
transverse cracking) directly after casting. It was hoped to 
simulate more closely the continuouSly cast structure. In addition, 
it was decided to compare the hot ductility of these cast samples 
with samples which had been cooled to room temperature after 
casting, and then solution treated prior to hot tensile testing. 
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9.2 EXPERIMENTAL 
The composition of the steel examined is given in Table 9.1. 
The steel was supplied as a slice off a corner of an as-cast 
ingot. Tensile samples 100 mm in length and having an approxi-
mate gauge length of 50 mm were individually machined so as to 
fit inside silica tubes with a 0.2 mm diametrical clearance. A 
1.2 mm diameter hole was drilled from one end of each sample so 
that a thermocouple could be inserted (Fig. 9.1). The samples 
were heated using the induction heating unit described in 
section 3.23 so that approximately 20 mm of the gauge length at 
the mid length position could be melted. The molten region was 
contained in the tolerance fitted silica sheath. 
Samples were melted at 1560oC, re-solidified and cooled at 60°C 
min -1 to test temperatures in the range 850-1200°C and then 
strained to failure at a rate of 1.3 x 10 -2 S-1 • This strain 
rate is slightly faster than the rate used in previous tests. 
In addlOt o ft ting lon to obtaining the hot ductility directly a er cas , 
(samples referred to in text as 'as cast') samples were allowed 
to cool t 6 I d o OOC, reheated to 1330oC, held for 5 minutes, coo e 
at 600C ° -1 mln to the test temperature and either held for 5 
minutes or f d to strained immediately to failure (samples re erre 
in text as' h re eated'). 
Comparison with previous work (Mintz and Arrowsmith, 1979; Ouchi 
and Matsumoto,1982) was made by obtaining the Gleeble hot ductility 
data OVer the same temperature range using the as supplied ingot 
t ° -1 
s eel which had been reheated to 1330 0 C and cooled at 60°C m~n 
(Samples referred to in text as 'reheated Gleeble'.) The strain 
rate ° 3 1 1n these Gleeble tests was 3 x 10- S-. 
Austenite grain sizes were obtained using the linear intercept 
measurement on transverse sections prior to straining from both 
, 
as cast' and 're-heated' samples. 
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Carbon extraction replicas were taken close to fracture surfaces 
for samples of both 'reheated' and 'as cast' conditions. In 
addition, the progress of sulphide precipitation during reheating 
was followed by heating samples to temperatures in the range 
1200 - 1300 0 C and quenching into iced brine. Precipitates 
extracted using carbon replicas were analysed using an EDAX 
at·t-achment, and semi-quanti ti ve analysis obtained using the EDAX 
programme SW.glOO version 2.3. 
To examine sulphide composition and the composition of the steel 
surrOunding the sulphides, polished sections were examined using 
an SEM with EDAX attachment. 
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9.3 RESULTS 
9.3.1 Hot Ductility Tests 
The hot ductility curves of reduction in area against test 
temperature for 'reheated' 'reheated Gleeble' and 'as cast' 
conditions are given in Fig. 9.2. For the reheated and as cast 
conditions, reduction in area values fell from 90% to 25% 
oVer the temperature range 1050 _ 850 oC. Of the two conditions, 
the 'as cast' material gave the better hot ductility, its hot 
ductility trough being approximately 80 0 C lower in temperature. 
Samples given long hold times (approximately 1 hour) at the 
Solution treatment temperature did not give significantly 
different reduction in area values to those samples given 
standard holding times. The curve for the 'reheated Gleeble' 
falls in between the 'as cast' and 'reheated'. However, the 
slower stral'n d rate used in the Gleeble test would be expecte 
to redUce hot ductility (see section 2.5) so that although an 
eXact comparison cannot be made, there is no doubt that ~he 
'reheated Gleeble' samples have better hot ductil:ty than samples 
reheated 
after induction melting. 
9.3.2 ~etallography 
The austenite grain sizes prior to straining for the 'as cast' 
and 'reheated' samples were 700 and 260 pm respectively. The 
'as ' re cast' grain size compares favourably with grain Slze measu -
ments taken at the surface of continuously cast slabs. 
SEM exa ' k t mlnations of fracture surfaces of samples bro en a 
temperatures giving low ductilities showed three distinct fracture 
mOdes; high temperature ductile rupture (HTDR), intergranular 
microvoid coalescence (IMC), and interdendritic failure (IDF), 
Figs. 9.3 
- 9.5. The first two fracture modes were essentially 
similar to those described in chapter 6, and formed the majority 
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of the fracture surface. It is believed that · the IDF fracture 
mode Ocurrs during solidification, and is due to a shortage of 
feed metal to the interdendritic regions, resulting in shrinkage 
cavities. In the 'as cast' condition, lines of angular, type III 
MnS inclusions could be seen on the IDF regions of the fracture 
surface, (Fig. 9.5) which probably mark the regions where a 
number of dendrites meet. Smaller MnS inclusions were also 
observed on the nodule surfaces. In contrast, reheated samples 
showed few of these MnS inclusions. 
These coarse angular precipitates were not observed on carbon 
extraction replicas suggesting that they were either of a very 
localised nature, or were not extracted. However, replicas did 
reveal an hexagonal sulphide ( _ 100 nm in diameter) at the prior 
austenite grain-boundaries (Fig. 9.6). This precipitate tended 
to be sparse in the 'as cast' condition, but very marked in the 
'reheated' condition. The amount present in the 'reheated' 
Condition could be reduced by lowering the soaking temperature 
in the reheating part of the thermal cycle from 1330°C to 1200
0
C 
(Figs. 9.6 and 9.7) These facts suggest that the austenite grain 
boUndary sulphides originated through partial solution and re-
precipitation of the coarser interdendritic sulphides. 
Carbon extraction replicas also revealed precipitation of NbCN 
in a fine form at austenite grain boundaries, sub-boundaries and 
within the matrix in all the strained samples examined (Figs. 
9.8 - 9.9) However, there was significantly more of this grain 
boUndary precipitation in the 'reheated' condition compared to 
the 'as ) cast' (compare Figs. 9.8 and 9.9 In addition to the fine 
NbCN, a Coarse NbCN eutectic was also present in the 'as cast' 
Condition (Fig. 9.10), but a large proportion of this was observed 
to r d ' e ~ssolve on reheating to 1330oC. 
1~ 
Sulphide particles extracted by replicas from both 'as cast' and 
'reheated' samples were analysed, and the majority of the smaller 
sulphides (100 - 200 nm diameter) extracted from the boundaries 
were shown to contain iron, generally between 5 - 10%, although 
isolated inclusions gave much higher values of 20%. Typical 
X-ray spectra for those sulphides are shown in Fig. 9.5. Within 
the accuracy of the measurement, there was no significant difference 
in iron content between inclusions found in 'as cast' and 'reheated' 
samples. 
Micro-analysis of polished samples of 'as cast' material indicated 
that the Mn content of the matrix surrounding a (Mn, Fe)S inclusion 
was 20 - 25% that of the Mn content of the bulk of the material 
(see Table 9 ) 
.2 • Analyses of a continuously cast slab are also 
shown. 
Replicas taken from the 'reheated Gleeble' samples close to the 
fracture indicated that the degree of precipitation both' of MnS 
and NbCN at grain boundaries was somewhere in between that shown 
by the ' d ith h t as cast' and 'reheated' conditions, in accor w 0 
ductility behaviour (Fig. 9.11). 
1~ 
9.4 DISCUSSION 
Mintz and Arrowsmith (1979) and Funnell and Davies (1978), and 
also the results of chapter 8, have all shown that the hot 
ductility of micro-alloyed steels is very much influenced by 
the degree of precipitation at the grain boundaries, the more 
finely spaced being this precipitation, the worse the hot 
ductility. Of the previous studies carried out to evaluate the 
hot ductility of directly cast steel (Lankford, 1972; Harding 
et aI, 1977; Suzuki et aI, 1982; Rogberg, 1983), the work of 
Harding again shows it is the degree of grain boundary preci-
Pitation which controls hot ductility. In this work, better hot 
ductility was obtained in an Al containing steel in the reheated, 
as opposed to the as cast condition. It was suggested that in 
the reheated condition, the AIN was taken back into solution, 
and because " I" of slow rate of AIN precipitation dUrlng COO" lng, 
remained in solution on cooling to the test temperature. 
In the " ' t' present lnvestigation, the hot ductility of the as cas 
material was superior to the 'reheated'. Such behaviour is 
unusual in that the hot ductility of wrought material is 
generally Superior to 'as cast' since hot working refines and 
homogenises the micro structure. (Sellars and Tegart, 1972) 
It may be explained by the presence of only isolated particles 
at the grain boundaries in the 'as cast' state, but continuouS 
fine networks of both MnS and NbCN in the 'reheated' condition. 
Although fracture examinations (Figs. 9.3 - 9.5) did shoW extensive 
Coverage of the dendrite nodules by MnS inclusions, most of these 
do not lie along the austenite grain boundaries. NbCN eutectics 
Were observed in the 'as cast' state, but these eutectics were 
not c ontinuous and were in coarse form. 
The re-distribution of MnS and NbCN on reheating to give fine net-
works would be likely to reduce hot ductility and give rise to 
the observed interangular failures for .a number of reasons. 
Grain boundaries would be more effectively pinned by the finer 
distribution of particles and cavitation processes would there-
fore be able to take place more readily. A fine continuous net-
Work would prov;de f t' • easy linkage or crack propoga ~on. Finally, 
the grain boundary network of precipitates were often associated 
With pr : 't ecJ.pJ. ate free zones (Fig. 9.8) and this would tend to 
concentrate the strain into the boundary region. The major 
problem in the above interpretation is accounting for the 
exte . nSJ.ve networks of sulphide precipitates which have not been 
observed in previous work. 
The observation of coarse NbCN eutectics and coarse MnS inclusions 
in the ' as cast' tensile samples indicates that there has been 
intense S' ' i l;di egregatJ.on to the interdendr~tic boundaries dur. ng so. -
fication. Th th t e is form of precipitation can be found at e cen r -
line of a t rked continuously cast slab, where segregation is mos ma • 
Because of the ;ntense lid' tion the 4 segregation of S during so ~ca , 
finer sulphJ.' des were ) ' These would formed as (Mn, Fe S inclus~ons. 
be gradually converted to a pure MnS given time if the temperature 
was sufficiently high, and in the process these inclusions absorb 
Mn from t he surrounding matrix. This has been shown by the Mn 
content of th ' 1 'ns be;ng e matrix in the vicinity of the ~nc us~O 4 
reduced to about a Quarter to approximately 0.3%. This reduced 
level of Mn would, according to Turkdogan et al (1955) increase 
the solubility of S in austenite at 1330oC, so that approximately 
0.005% S would be available for precipitation on cooling after 
reheating. Salmon Cox and Charles (1965) have also noted that 
(Mn, Fe)s can form in ingot steels of relatively high Mn/S ratio 
when segregation has been intense, and in reverting to a purer 
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MnS level in the neighbourhood of the inclusion is considerably 
reduced. They also point out that the manganese to sulphur 
ratios obta ined by bulk analysis may be misleading as it is the 
ratio in the actual liquid from which the sulphide is formed which 
is important. To summarise, it is believed that the poorer hot 
ductility of the 'reheated' condition compared to the 'as cast' 
is due to the dissolution of 'as cast' sulphides at the reheating 
temperature and their subsequent reprecipitation in a fine form at 
the austenite grain boundaries at the test temperature. The high 
sOlUbility of the 'as cast' sulphides is explained by a high level 
of segregation during solidification after re-melting which 
resulted in Fe-rich sulphides surrounded by Mn-depleted matrix. 
It is clear f ' d't' ed rom the foregoing that the cast1ng con 1 10n us 
after melting a small section of a tensile specimen are very 
different to those encountered during commercial continuous 
Casting close to the slab surface, where transverse cracking occurs. 
This is evident by comparing the precipitate distribution in 
material taken from the surface of continuously cast slab, (Fig. 8.iD) 
and the preciPitate distribution in the present 'as cast' samples. 
Segregation in the laboratory sample has been found to be more 
intense, d ' t low an this suggests that the cooling rate 1S 00 S , 
allOWing concentration of elements into the last liquid to solidify 
around th ' , 
e 1nterdentritic boundar1es. This leads to the production 
of (M 
n, Fe) S which can subsequently redissolve more readily on 
reheati " 
ng g1v1ng poor 
of P 
ure MnS b~_faster 
hot ductility. By encouraging the formation 
cooling as found in commercially continuously 
Cast slab the tendency to re-di~solve will be reduced and the hot 
dUctility of the 'as cast' and 'reheated' states would then be 
expected to be Similar. 
Thus the lth laboratory hot ductility test in its current form, a ough 
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giving much useful information on the importance of the 
precipitate distribution at the austenite grain boundaries in 
contrOlling hot ductility, cannot at present, satisfactorily 
simulate the commercial casting condition encountered during 
Continuous casting. It is intended to develop the test furbker 
by . . 
lncreaslng the cooling rate, introducing a cyclic rise and 
fall in temperature to simUlate the undergone by the commercial 
strand. 
l~ 
9.5 £gNCLUSIONS 
The hot dUCtl"ll"ty f C b 
o -Mn-Nb-Al steel cast in situ and su se-
qUently tested in the temperature range 850-1300 o C has been 
shown to be superior to that of the steel after cooling below 
the tranSformation, resolution treated and tested in the same 
temperature range. 
This difference l"n hot ductility can be related to the presence 
of a dense, finely divided precipitation of sulphide and NbCN 
preCiPitates along the grain boundaries in 'reheated' samples 
but not in 'as cast' samples. In co~trast, in the 'as cast' 
sample, because of the slow cooling rate during solidification, 
marked s " t t" 
egregatlon Occurred resulting in coarse NbCN eu ec lCS 
and manganese sulphide containing small amounts of Fe, being 
Produc d 
e close to the interdendritic boundaries. These were 
able to SUbsequently largely re-dissolve on reheating to 1330 0 C 
and Pre " " CIPltate out in a fine form at the new grain boundaries 
formed On reheating. 
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C Si S P Sol Al N Nb Mn 
.14 
.35 
.013 .009 .038 .006 .040 1.40 
t---
Sample 
r---
As cast 
t---
Con cast 
Concast 
Analysis of steel examined (Wt.%) 
Mn/S ratio Mn content of steel 
of sulphide surrounding sulphide 
relative to bulk Mn 
tensile 1. 11 0.24 
slab surface 1.28 1.08 
slab centre-line 1.58 1.02 
Results of EDAX micro-analysis of sulphides 
and surrounding matrix. 
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CHAPTER 10 
The Hot Ductility of Micro-Alloyed Steels 
Heated Directly to Test Temperature 
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10.1 INTRODUCTION 
The hot ductility results presented in the previous chapters 
have all used thermal cycles involving a high temperature 
solution treatment prior to testing. This has been a common 
procedure for the majority of hot ductility studies carried 
out on micro-alloyed steels in the past, and is designed to 
simulate to Some extent the 'as cast' microstructure found in 
the Continuously cast slab. Other investigations (Wilcox, 1982; 
Ouchi and Matsumoto, 1982) have involved intermediate heat treat-
ments at temperatures below the final test temperatures in order 
to deduce the influence of a variety of precipitate distributions 
on hot ductility. Other investigations, whilst examining the 
hot ductility of micro-alloyed steels when heated directly to 
test temperature, have used high strain rates to simulate hot 
rolling processes. (Sankar et aI, 1979) To date it appears 
that only Wray (1981) and Ouchi and Matsumoto (1982) have 
examined the hot ductility of micro-alloyed steels when heated 
directly to test tempera~vre, using intermediate strain rates. 
It is intended in this chapter to examine the influence of 
temperature and strain rate on the hot ductility and hot strength 
of a variety of micro-alloyed steels heated directly to test 
temperature. Although not directly relevant to the continuous 
casting process, it was hoped that such results would provide 
further information to aid in understanding the hot ductility of 
these steels by producing precipitate distributions and grain 
sizes very different to those produced after high temperature 
solution treatments. Also, many hot forming processess do involve 
direct heating followed by deformation, e.g. the production of 
Pipeline fittings, which commonly use micro-alloyed steels, and 
thus it was hoped that the hot ductility and strength data obtained 
1.57 
by Carrying out directly heated hot tensile tests would be of 
some relevance to such processes. 
1~ 
10.2 EXPERIMENTAL 
Six steels were examined having similar base compositions of 
0.15%C, 1.4% Mn and 0.3% Si and varying additions of such e l ements 
as Nb, V, AI, Ti and Ca. The compositions are shown in Table 
10 . 1. The steels were cast as 50 kg laboratory melts, and 
rolled to 37 mm plates, finishing rolling 1050 oC. Tensile 
samples with diameter 5.04 mm and gauge length 25.4 mm (Fig. 3.3) 
were machined longitudinally from each plate. 
Hot tensile tests were performed using the Instron equipment 
described in t " 3 2 sec lon .2 .• The samples were heated to test 
temperatures in the range 600 - 11000C at a constant rate of 
15°C/min., and held for 15 minutes prior to testing at initial 
strain rates in the range 10-2_ 10-4 5- 1• After fracture, 
the samples were cooled to room temperature at a rate of approxi-
mately 250C/min. 
Metallographic sections were prepared from selected samples, and 
carbon extraction replicas prepared and examined as described in 
section 3.3. To ensure that the precipitates examined were not 
formed during the relat i vely slow cooling rate after testing, heat 
treatments were carried out on small samples of the C-Mn-Nb-AI 
steel in a muffle furnace. Two samples of this steel were heated 
to 10500C for 15 minutes, and one cooled at 25°C/min. to room 
temperature, and the other quenched into iced brine. Replicas 
were prepared from each, and examination proved that the preci-
Pitation patterns were similar in each. This verifies that no 
significant predPitation occurs in this steel during cooling at 
25°CI " 
mln. from temperatures up to 1050 oC. 
Fractographic eXamination was carried out using a JEOL T100 SEM. 
To establish austenite grain sizes prior to fracture, small 
samples were heated in a muffle furnace to simulate the thermal 
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cycle of the hot tensile test, and then cooled at a rate to 
produce ferrite outlinement of the austenite grains. Austenite 
gra in size was measured using the linear intercept method. 
Po r the C-Mn and C-Mn-V-Al steels, a Theta dilatometer was used 
to determine Ac transformation temperatures for heating r ates 
of 15 0 C /min . 
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10.3 RESULTS 
10.3.1. Hot Strength 
Fig. 10.1 shows the influence of test temperature on peak stress, 
up, for all six steels, when heated directly to test temperature 
and fractured using a strain rate of 3 x 10-3 -1 s There is a 
continuous decrease in Up as the test temperature is increased. 
composition has little influence on up above 850°C, when all the 
steels are expected to be austenitic. However, the C-Mn steel 
does appear to have slightly lower values of (Tp between 850 and 
950°C, possibly due to slight precipitation hardening effects in 
the other steels. At test temperatures below 700°C, in the ferrite 
DIllS np.arlite region, the steels with higher carbon contents, and 
hence higher pearlite volume fractions, have the higher strengths. 
The " f ~n luence of strain rate on the hot strengths of the C-Mn, 
C-Mn-Al and C-Mn-Nb-Al steels is shown in Fig. 10.2 - 10.4. In 
these figures, In up is plotted against 1/T, where T is the 
absolute temperature, for strain rates in the range 3 x 10-
2 
-
-1 
s These plots show a linear relationship between 
In ~p and 1/T nr at constant strain rate for all three steels in 
the austenite phase region, in agreement with equation 2.3. The 
activation energy for deformation, 0, is obtained by plotting 1~ f 
aga" f ~nst 1/T at constant up. 0 is determined from the gradient 0 
the resulting straight lines, and these curves are shown in Figs. 
10.5 - 10.7. For the C-Mn steel, the activation energy is 290 KJ 
mol- 1 , which is the same as the result obtained for this steel in 
chapter 4, although in the previoUS case, a different thermal 
cycle was investigated. For the C-Mn-Al and C-Mn-Nb-Al steels, 
th 1
-1 
e act'vat'on KJ 1- d 435 KJ mol ~ ~ energies were 316 mo an 
respectively. 
The stress exponents, n, for each steel are determined from the 
161 
gradients of the plots of InE versus In up at constant temperature, 
and are shown for the C-Mn,C-Mn-AI, and C-Mn-Nb-Al in Figs. 10.8 _ 
10.10. The values of n for the C-Mn, C-Mn-Al, and C-Mn-Nb-Al were 
4.9, 5.7 and 7.7, respectively. These values of nand Q are 
compared with the results of other workers in Table 10.2, and are 
shown to be in reasonable agreement with these previous values. 
For some tests performed at strain rates of 3 x 163 and 3 x 10-4 
-1 
s ,it was sometimes possible to detect the occurren~e of dynamic 
recrystallization from the form of the load-elongation curves. 
SUch Curves were characterized by either an abrupt drop in flow 
stress, or by OSCillations in the flow stress. Similar load 
elongation curves have been observed by other workers during the 
low Strain rate tensile testing of steels. (Wray and Holmes, 1975; 
Wilcox, 1982). Unfortunately, in some cases it was not possible 
to determine unambiguously whether dynamic recrystallization was 
occu . 
rr2ng from the load-elongation curves. Some representative 
examples of load-elongation curves are shown in Fig. 10.11. The 
onset of dynamic recrystallization as a function of temperature, 
Composition and strain rate will be detailed in the following 
Section, along with hot ductility results. 
10.3.2. B9t Ductility 
Reduction in area values as a function of test temperature for all 
Six steels are . t d b 4ng shown in Fig. 10.12, the stra2n ra e use e~ 
3 x 10-3 -1 s . The C-Mn and C-Mn-Ti-Al steels show reduction in 
area values greater than 90% over the entire temperature range 
eXa . C 
m2ned, i.e. 650 _ 1050oC. The C-Mn-Al, C-Mn-V-Al and C-Mn-Al- a 
steels show some loss of ductility in the temperature range 750 -
950°C, reduction in area values falling from 90% to approximately 
65% for the C-Mn-AI and C-Mn-V-Al steels, and from 97% to 85% for 
the C-M A n- I-Ca steel. The C-Mn-Nb-AI steel shows more severe 
embrittlement in the temperature range 750 - 10000C, with 
reduction in area values of 50%. 
~g. 10.1 2 also shows the temperature range over which dynamic F ' 
recrystallization occurs for each steel, as determined from the 
load elongation curves. For the C-Mn-Nb-Al steel, dynamic 
recrystallization occurs only at temperatures above 950 °C , whil s t 
for the C-Mn-Al, C-Mn-V-Al, and C-Mn-AI-Ca steels the corres-
ponding temperature is 850°C, and for the C-Mn and C~Mn-Ti-Al 
steels, 8000C. For the C-Mn-Al, C-Mn-V-Al and C-Mn-Nb-Al steels, 
the onset of dynamic recrystallization is associated with an 
increase in hot ductlity. 
The C-Mn, C-Mn-Al and C-Mn-Nb-Al steels were also tested using a 
variety of strain rates in the range 3 x 10-2 - 3 x 10-
4 -1 
s 
F' ~gs . 10.13 _ 10.15 show the influence of strain rate on the hot 
ductility of these three steels, and also dynamic recrystallization 
and transformation data. The C-Mn steel showed excellent hot 
duct'l' 1 ~ty when tested using the two highest strain rates, but a 
severe ductility trough was apparent for this steel when tested 
at a strain rate of 3 x 10-4 s-l, ductility dropping to 55% 
reduction in area at 9000C. Dynamic recrystallization occurred 
at all strain rates for test temperatures greater than 820°C. 
Fig. 10.14 shows the influence of strain rate on the hot ductility 
of the C-Mn-Al steel, and shows the development of a ductility 
trough as strain rate is reduced. At a strain rate of 3 x 10-
2 
s-l 1 ' 
,no oss of ductility is apparent, but as the stra1n rate is 
decreased ' , t t 0 gh 1' S 
, an 1ncreas1ngly deep and wide ductili Y r u 
formed, and at the slowest strain rate, this trough extends from 
800 _ 10000c, with minimum reduction in area values of 35%. 
Dynamic recrystallization occurs at temperatures greater than 
820°C for the two higher strain rates, and at temperatures 
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greater than 9700C for the lowest strain rate. The hot ductility 
of the C-Mn-Nb-Al steel shows a similar decrease in hot ductility 
with decreasing strain rate (Fig. 10.15), the slowest strain rate 
producing a ductility trough in the temperature range 800 - 1050oC, 
With a minimum reduction in area value of 42%. Dynamic 
recrystallization commences at a test temperature of 10000C for 
the C-Mn-Nb-Al steel. 
10.3.3. Metallography 
The variation in austenite grain size with temperature for all 
the steels examined is shown in Fig. 10.16. The C-Mn steel 
showed a continual increase in austenite grain size with tempera-
ture from 70l1m at 8750C to 200l1m at 1100 oC. The other steels 
showed an approximately constant grain size of 30l1m in the 
temperature range 900 _ 1050 o C. Above this temperature, grain 
growth OCCurred rapidly for each steel, and at 1100 oC, grain 
sizes vary from 60 ILm for the C-Mn-Ti-Al steel to 140 I1 m for the 
C-Mn-Al and C-Mn-V-Al steels. 
SEM eXamination revealed three distinct fracture modes:- low 
temperature ductile rupture (LTDR), high temperature ductile 
rupture (HTDR) and intergranular failure (IG). These first two 
fractUre modes were identical to those observed in the C-Mn steels 
stUdied in chapter 4. LTDR was observed in all steels and at all 
strain rates below a temperature of 800°C. HTDR was observed in 
the C-Mn and gOOOC and in C-Mn-Ti-Al steels when tested above , 
the remaining steels at temperatures: above 1000 o C. The IG 
failure mode was observed in steels which failed with reduction 
in area values of less than 70%, and is illustrated in Fig. 10.17. 
This mod " f t to that e of ~ntergranular failure appeared dif eren 
Observed ;n th f " ten;te grain size 
4 previous chapters, due to e ~ne aus • 
( - 30 p.m) • Micro voids were not present on the grain facets. 
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eXamination of carbon extraction replicas revealed fine 
precipitates in all steels expect the C-Mn steel. The sizes, 
Spacing and nature of the precipitates present in each steel 
are given in Table 10.3 at test temperatures of 950°C and 10500C. 
The C-Mn-Al steel showed continuous networks of A1N precipitates 
at austenite grain boundaries at temperatures of 9500C and 1050oC, 
(Figs. 10.18 - 10.19) precipitation being coarser and more widely 
spaced at the higher test temperature. Little inter-granular 
precipitation was observed in this steel. Precipitation in the 
C-Mn-AI-Ca steel was essentially similar to that observed in the 
C-Mn-Al steel. (Figs. 10.20 - 10.21). The C-Mn-Ti-Al steel 
showed much randomly distributed precipitation of Ti (C, N), the 
Precipitates varying greatly in size in any given replica (Figs. 
10.22 - 10.23). Ko AlN precipitation was observed in this steel. 
The C-Mn-V-Al steel contained precipitates of both A1N and V(CN), 
the A1N being present in the form of large angular plates, whilst 
the V(CN) d "t t was present as smaller, roun prec~p~ a es. (Figs. 10.24 
- 10.25). The V(CN)was sometimes present at grain boundaries, but 
USually within the grains, the grain boundary precipitates being 
Slightly coarser than those within the matrix. 
Extensive precipitation of both Nb (C,N) and A1N was observed in 
the C-Mn-Nb_Al steel, both at austenite grain boundaries and 
within the grains (Fig. 10.26 _ 10.27). In some cases precipitate 
free Zones adjacent to the austenite grain boundaries were also 
observed (Fig. 10.26). Again, the A1N was present in the form of 
angular Platelets, often closely associated with Nb(CN) precipitates 
(Fig. 10.27) 
10.3.4 Dilatometry and Transformation Data 
The Ac and Ac temperatures for the C-Mn and C-Mn-V-A1 steels 3 1 
heated at 15°C min- 1 obtained by dilatometry are shown in Table 
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10.4, along with calculated Ae 1 and Ae 3 temperatures using the 
equation of Andrews (1965). 
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10.4 DISCUSSION 
10.4.1. Hot Strength 
Peak stress values appear to be little influenced by composition 
in the austenitic state, although the C-Mn steel shows slightly 
lower ap values, possibly due to a slight precipitation 
hardening effect in the other steels, or the generally coarser 
grain sizes in the C-Mn steel. When tested in temperature ranges 
prOducing a ferrite/pearlite structure, peak stress is influenced 
by the variations in C content between the different steels, 
since increases in C content, and hence pearlite volume fraction, 
lead to rapid increases in work hardening rates, producing high 
peak stresses. 
The linear plots obtained in Figs. 10.2 - 10.10 again demonstrate 
the general applicability of equation 2.3. The values of 0 
and n obtained for the C-Mn, C-Mn-Al and C-Mn-Nb-Al steels are 
in general agreement with previous results (Table 10.3), which 
consistently show hight 0 and n values for Nb containing steels. 
It should be noted that these Q values are higher than the 
activation energy for the self diffusion of iron in austenite, 
which . 1 ~s 285 KJ mol- (Badia and Vignes, 1969). The high values 
of Q and n associated with Nb containing steels are due to the 
retardation of dynamic recrystallization in such steels (Sankar 
et aI, 1979). 
Previous studies (Haehara and Ohmori, 1984; Yasumoto et aI, 1985) 
and the results of Chapter 7 have shown that increases in hot 
strength, due to extensive intragr.anular precipitation of carbides, 
nitrides and sul~hides have a detrimental effect on hot ductility. 
The results in this chapter show a small precipitation hardening 
component in the hot strength results, but it is important to 
note that this precipitation hardening component is similar for 
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all the compositions examined. Thus, differences in hot ductility 
between these steels cannot be due only to hot strength differences 
between the steels. 
10.4.2 Hot Ductility 
At a strain rate of 3 x 10-3 s-1, the C-Mn steel shows excellent 
hot ductility over a wide temperature range, in contrast to the 
hot ductility behaviour of this same steel when tested after 
solution treatment. Figs. 4.1 and S.2 show that after solution 
treatment this steel can suffer severe embrittlement associated 
with the austenite to ferrite phase transformation. However, as 
shown in Fig. 10.12, heating directly to test temperature 
produces no ductility trough at strain rates greater than 
-1 s • This is likelty to be due to differences in phase 
distr"b t" " th I 1 U lon and grain size produced by the differlng erma 
cycles. When the steel is cooled into the two phase region, 
the softer ferrite phase forms continuous networks at the austenite 
grain boundaries, and these continuous networks act as paths for 
crack prOpogation as described in chapter 4. However, in the 
case of heating directly into the two phase region, the austenite 
forms the continuous network, having nucleated at pearlite 
COlonies and ferrite grain boundaries. Cracking in this case 
OCCurs predominantly in the ferrite, and at austenite/ferrite 
interfac " t across es, and lt appears that cracks rarely propoga e 
interpha b " se oundarles. (Figs. 10.28 N.B. to obtain a coarse 
microstructure for examination, a heat treatment was used to 
prodUce a Coarse ferrite grain structure prior to testing, and 
hence a coarse two phase mixture). Thus the phase distribution 
and fine grain size produced by direct heating shows good hot 
ductility in the two phase region due to the lack of continuous 
~t~ ~r 
crack propogation. Therefore, the hot ductility results 
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shown in Fig. 10.12 ror all the steels examined are not 
influenced by phase transformation, and ductility will be 
influenced directly by composition and precipitation only. 
The C-Mn steel shows a continual. increase in austenite grain 
size prior to deformation over the entire range or test 
temperatures as opposed to the micro-alloyed steels, which 
all Show an approximately constant grain size below test 
temperature of 1050 o C, due to pinning or grain boundaries 
by precipitates. Above 1050 0 C, grain growth occurs rapidly 
as these preCipitates increase in size. Comparison of hot 
ductility and grain size results indicate that grain size 
can only be a secondary inrluence on hot ductility, since 
wide variations in hot ductility are observed, whilst the 
grain Size remains constant, or alternatively hot ductility 
remains constant, whilst grain size varies. 
The foregoing results indicate that hot strength, phase trans-
formation and grain size have little signiricance in explaining 
the hot ductili~y results shown in Fig. 10.12, and to explain 
these reSUlts, it is necessary to examine both grain boundary 
and intra granular precipitation in more detail. Examination 
of Table 10.3 shows that all the steels having a ductility 
t -3 -1 h rOugh when tested using a strain rate of 3 x 10 s s ow 
grain boundary preCipitation to some extent. The steels with 
gOod hot ductility, the C-Mn. and C-Mn-Ti-Al steels, show no 
grain bOUndary precipitation, although the C-Mn-Ti-AI steel 
shows extensive randon precipitation or Ti(C,N). Thus it 
appears that at this strain rate, ductility troughs are 
aSSOCiated with grain boundary precipitation. It appears likely 
that these grain boundary precipitates influence hot ductility 
by retarding the onset or dynamic recrystallization, as Fig. 
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10.12 shows that lack of ductility failures are associated with 
a lack of dynamic recrystallization, so that brittle, inter-
granular failures can OCcur before the critical strain for the 
nUcleation of dynamic recrystallization, fc, is reached, as described 
by Wilcox and Honeycombe (1984). When dynamic recrystallization 
commences before failure, high ductility fractures occur, as 
migrating grain boundaries isolate the developing cracks. This 
retardation of dynamic recrystallization is due to the array of 
static precipitates at austenite grain boundaries present before 
deformation, as opposed to the dynamic precipitates formed con-
tinually during deformation, which retard dynamic recrystallization 
after Solution treatment. These results indicate that the high 
temperature extent of the ductility trough is dependant on the 
temperature, Tc, at which the fracture strain equals the critical 
strain f th 
or e onset of dynamic recrystallization, €c. As the 
test temperature is increased above Tc, recrystallization can 
occur before fracture, and ductility increases rapidly. Tc for 
the Nb containing steels is particularly high, due to the effect 
of grain boundary precipitates, and also due to the small amount 
of Nb in solution at the deformation temperature (equilibrium 
calCUlations USing the formula of Irvine et al (1967) indicate 
0.008wt.% for the C-Mn-Nb-Al steel). 
The actUal minimum value for hot ductility is expected to be con-
trOlled by Such factors as grain size, strain rate, precipitation 
and compOsition. The results shown in Fig. 10.12 are at a con-
stant strain rate of 3 x '0-3 s-', and as discussed previously 
grain size is approximately constant for all but the C-Mn steel 
in the t iff emperature range 850 - 1050 oC, and therefore d erences 
in the b bly minimum ductility values between the steels are pro a 
due to th 
e differences in precipitation. The C-Mn-Nb-Al steel 
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has the lowest value of reduction in area, and one possible 
cause for this is the extensive grain boundary precipitation, 
providing an easy path for crack propogation, combined with 
the extensive intragranular precipitation. This intragranular 
preciPitation loads to matrix hardening, and to the development 
of PFZ's, which tend to concentrate strain at the grain 
boundaries. The C-Mn-Al steel, although having similar grain 
boundary precipitation to the C-Mn-Nb-Al steel in terms of size 
and Spacing, lacks the extensive intragranular precipitation of 
the C-Mn-Nb-Al steel, and hence the C-Mn-Al steel has the higher 
ductility values. The C-Mn-V-Al steel has similar hot ductility 
values to the C-Mn-AI steel, although extensive grain boundary 
preciPitation is not often observed in this steel. However, the 
extensi . 1 1 d 
ve 1ntragranular precipitation in the C-Mn-V-Al stee ea s 
to this steel having similar hot ductility values to the C-Mn-Al 
steel. 
The C-Mn-AI-Ca steel shows surprisingly high hot ductility 
considering that its precipitate distribution and grain size are 
very similar to that of the C-Mn-AI steel. The C-Mn-AI and C-Mn-
AI-Ca steels have similar compositions, but the C-Mn-AI steel does 
Contain 0.017 wt.% AI, compared to 0.037 wt.% Al for the C-Mn-AI-Ca 
steel. (see Table 10.1). This difference in Al content might be 
expected to give the C-Mn-Al-Ca worse hot ductility, whereas the 
reverse ;s th ~ actually observed. One possible explanation for e 
surpriSingly high hot ductility of the C-Mn-Al-Ca steel is its very 
low S level of 0.001 wt.%, compared with 
.008 wt.% for the C-Mn-AI 
steel. 
Recent work by Heritier et al (1981) and by Osinkolv et al 
(1985) h 
as shown that in experimental Fe-C alloys containing AlN 
and S, increaSing S levels have a severe detrimental effect on hot 
ductilit I f th Y for a given AIN content. Thus the very low SIeve 0 e 
C-Mn-Al_Ca steel may be responsible for its relatively good hot 
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ductility. The low temperature extent of the ductility trough 
is not strongly dependent on composition, and for all steels 
shOwing a ductility trough, hot ductility starts to fall at 
approximately 800°C, which is clos~ to the Ae
3 
temperature range 
(810 - 858°C, Table 10.4) for these steels, calculated using the 
equation of Andrews (1965). It appears likely that hot ductility 
first begins to fall when austenite formation is almost complete, 
and when considerable grain boundary sliding can occur between the 
austenite grains. 
10.4.3. The Influence of Strain Rate on Hot Ductility 
F' 
19. 10.13 shows that when a sufficiently slow strain rate is used, 
a C-Mn steel containing no precipitates can fail in a brittle 
manner. Brit tIe intergranular failu res in austenites containing no 
precipitates have been reported previously (Wray, 1984) if 
SUfficiently slow strain rates are employed. The results of Figs. 
10.14 - 10.15 shows that decreasing strain rates lead to broadening 
and deepening of the ductility troughs existing in the C-Mn-AI and 
C-Mn-Nb_AI steels. It should be noted that in these steels, the 
preciPitate distributions are very stable with respect to time, and 
preCiPitate distributions present after fracture are identical for 
samples tested at the same temperature, but with different strain 
rates. Austenite grain size is also stable with respect to time. 
Thus the decrease in hot ductility with decreasing strain rate is not 
due to variations in microstructure due to long test times. This 
decreas ' , 
e 1n hot ductility is more probably due to the increase ln 
the rat ' 
10 Eg.b./Et, where Eg.b. is the strain due to grain boundary 
Sliding and Et the total strain, as discussed in section 2.5, which 
ViilI favour intergranular failure. Also, if dynamic recrystallization 
OCCurs, grain boundary migration rates will be reduced as the strain 
rate is reduced, making the isolation of grain boundary cracks less 
172 
effective. Figs. 10.13 - 10.15 indicate that low ductility 
failures can OCcur even though dynamic recrystallization is 
prOCeeding at the lowest strain rate examined. Unlike the 
ductility results using a strain rate of 3 x '0-3 s-', the high 
temperature extent of the ductility trough does not necessarily 
coincide with the onset of dynamic recrystallization. It seems 
likely that at the lowest strain rate examined, the slow rate of 
grain bOundary migration associated with dynamic recrystallization 
is ineffective in preventing crack growth. In addition, at a 
strain rate of 3 x 10-4 s-', recrystallization is periodic in 
nature, and lOt 0 1 k develop 1S possible that intergranu ar crac s may 
between each recrystallization cycle, further reducing ductility. 
Thus it appears that at strain rates of 3 x '0-4 s-', dynamic 
recrystallization arguments alone cannot explain hot ductility 
behavio 0 t d °c ur, as lt appears that at these slow strain ra es, ynam1 
recrystallization becomes less efective in preventing low ductility 
failure. 
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10.5 CONCLUSIONS 
1. 
2. 
Six micro-alloyed steels have been tested at temperatures in 
the range 1100 0 C using strain rates between 3 x 10-2 _ 
-1 
s after heating directly to test temperature, 
and their strengths have been shown to be described by the 
the equation:_ 
At a strain rate of 3 x 10-3 -1 C s ,the C-Mn-Al, C-Mn-Al- a, 
C-Mn-V-Al and C-Mn-Nb-Al steels show a loss of ductility in 
the temperature range 750 _ 1000 o C, due to the extensive 
grain boundary precipitation in these steels, which retards 
the onset of dynamic recrystallization. 
3. Decreasing the strain rate from 3 x 10-3 s-l to 3 x 10-4 
s-1 
deepens and broadens the ductility troughs in the C-Mn-Al 
and C-Mn-Nb-Al steels, and introduces a ductility trough in 
the ~viour of the C-Mn steel in the temperature range 
800 - gOODC. It is believed that the adverse effect of 
decreasing strain rate on hot ductility is due to strain 
concentration at the grain boundaries, and to reduced grain 
boUndary migration rates, which favour intergranular failure. 
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Steel C Si Mn P S Al N Nb Ti V Ca 
C-Mn . 19 .20 1.40 .002 .013 - .004 - - - -
C-Mn-Al .15 .29 1.45 .003 .008 .017 .006 - - - -
C-Mn-V-Al • 11 .32 1.34 .005 .006 .024 .004 - - .057 -
C-Mn-Nb-Al .12 .29 1.44 .002 .009 .015 .010 .034 
- - -
I 
C-Mn-Ti-Al .16 .23 1.50 .002 .013 .030 .004 
- .030 - -
C-Mn-Al-Ca .10 .41 1.30 .014 .001 .037 .008 - - - .005 
-- - -- - ----- L---~ -----
Table 10.1 Compositions of the steels examined (wt.%) 
-Steel 
C-Mn 
C-Mn 
C-Mn-Al 
C-Mn-Al 
C-Mn-Al 
C-Mn-Nb-Al 
C-Mn-Nb-Al 
C-Mn-Nb-Al 
'--
.:!3ble 10.2 
Reference 
C -1 (KJmol ) n 
Present work 290 4.9 
Sellars and Tegart (1966) 300 4.6 
Sankar et al (1979) 308 5. 1 
Ouchi and Okita ( 1982) 406 5.7 
Present Work 316 5.3 
Sankar et al (1979 434 8.6 
Ouchi and Okita ( 1982) 401 6.1 
Present work 435 7.7 
Comparison of activation energy, 0, and stress 
exponent, n, of present work with previous studies. 
I 
! 
I 
I Precipitate I Reduction in ' Grain boundary . Grain Boundary 
Steel Type . area (%) Precipitate Size Precipitat~ Spac-
(nm) ing(nlll) 
850°C 1050 0 C 850°C 1050 0 C 850°C . 10500 C 
C-Mn 
-- 99 98 - - - -
C-Mn-Ti-Al Ti (C,N) 98 98 - - - -
C-Mn-Al A1N 63 98 39 51 32 84 
C-Mn-Nb-Al A1N, Nb(CN) 53 96 45 58 64 127 
C-Mn-Al-Ca A1N 84 98 40 50 35 90 
C-Mn-V-Al A1N, Nb(CN) 66 98 - - - -
Table 10.3 Precipitate types and sizes present at test temperatures of 850°C and 1050 0 C 
( f = 3 x 10-3 s-l) 
Matrix 
Precipitate Size 
(nm) 
850°C 1050 0 C 
- -
58 65 
- -
30 35 
-
-
40 70 
Steel Transformation Temperature ( °C) 
AC 1 AC3 Ae 1 Ae3 
C-Mn 
- -
714 810 
C-Mn-Al 
- -
716 826 
C-Mn-V-Al 707 848 718 845 
C-Mn-Nb-Al 
- -
714 840 
C-Mn-Ti-Al 
- -
714 820 
C-Mn-AI-Ca 
- - 720 858 
Table 10.4 Transformation data, Ae temperature 
calculated using the equation of Andrews (1965), Ac 
temperatures determined by dilatometry (1~ trans-
formation). 
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Precipi t ation i n C- Mn- Nb- Al steel tested at 1050 °C using 
a st r ain rate of 3 x 10- 3 s - 1, with associated X- ray. 
Q,s.10 . 28 Section through C-Mn steel f ractured at 850°C using a 
strain rate of 3 x 10-3 5 - 1 (A coarse ferrite/pearlite 
aggregate was produced prior to t es ting by heating to 
1200 0 C and furnace cooling. 
CHAPTER 11 
Summary and Recommendations for Future Work 
11.1 INTRODUCTION 
In the previous chapters, some of the many factors which influence 
the hot ductility of steels have been discussed, and it is intended 
in this final chapter to draw together these various factors to 
form a Coherent picture of the hot ductility behaviour of plain 
carbon, and micro-alloyed steels. Previous work and the present 
study, have generally shown that low ductility failures at 
temperatures in the range 600 - 1000°C, after testing using inter-
mediate strain rates, are of two distinct types:- iJ failure 
OCcuring due to strain concentration in the thin pro-eutectoid 
ferrite films formed at the r grain boundaries after transformation 
and ii) crack formation at r grain boundaries due to grain boundary 
Sliding, followed by crack growth and coalescence in the austenitic 
state. These two distinct fracture modes will be discussed sepa-
rately. From the conclusions reached in the present study, and 
those reached in previous studies, recommendations will be made to 
aid in the reduction of transverse cracking in continuously cast 
slab. Finally, recommendation for future work will be made, based 
on the results of the present study. 
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11.2 SUMMARY 
11.2.1 Low Ductility Failure; (I' + )' region 
A steel tested at a temperature within the two phase region 
may show brittle, intergranular failure, if a suitable 
ferrite distribution is present. The most deleterious form 
of ferrite with regards to hot ductility are the thin ferrite 
films formed along f grain boundaries by deformation, as 
described in chapter 4. However, grain boundary ferrite pro-
duced under more equilibrium conditions is still capable of 
producing a significant ductility trough, as shown by the 
results of chapter 5. 
In such two phase structures, as deformation proceeds, strain 
is concentrated in the ferrite films, and micro-voids nucleate 
at inclusions, chiefly MnS, within the ferrite films. These 
micro-voids grow and coalescNG4 as deformation proceeds, and 
final failure appears intergranular in nature, the grain facets 
being covered with microvoids. Ductility begins to recover as 
the test temperature is lowered below the transformation 
temperature, and the ferrite films begin to thicken, hence 
reducing the strain concentration. An additional factor which 
may be responsible for the recovery of ductility is the reduction 
of the strength difference between austenite and ferrite as 
the temperature is lowered. (Wray, 1981) 
The temperature range over which the ductility trough extends 
depends on composition, grain size and cooling rate from the 
SOlution, temperature. For constant cooling rate and grain size, 
increaSing C content lowers the transformation temperature, and 
hence lowers the temperature at which the ductility begins to 
fall, at least for C contents less than .35%. Above this value, 
the results of chapter 4 indicate that the ductility trough can 
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only be partially explained by the onset of transformation. 
For constant composition and cooling rate, increasing grain 
size prior to testing deepens and broadens the ductility 
trough. This occurs because in the coarse grained steels, 
thin films of deformation induced ferrite readily form at the 
grain boundaries, producing a marked loss of ductility. 
COoling rate from the reheating temperature can influence the 
Position of the ductility trough by altering the transformation 
temperature, faster cooling rates lowering the transformation 
temperature and hence shifting the ductility trough to lower 
temperatures. 
The ductility trough occurring when samples are cooled into 
the two phase region is almost entirely absent when samples 
are heated into the two phase region, due to the fine, dispersed 
austenite/ferrite mixture produced, which provides no easy paths 
for crack propogation. 
11 ~2. 2 Low Ductili ty failure; Jl region 
Under sUitable test conditions, both plain carbon and micro-
alloyed steels can fail in this single phase austenite region 
with low ductilities. It appears that grain boundary cracks 
nucleate at triple points and propogate as deformation continues. 
Two types of grain boundary fracture were identified when failure 
had occurred in the single phase austenite region; intergranular 
decohesion (ID), which showed relatively flat facets, and inter-
granular micro void coalescence (IMC), which showed micro-voids 
On the grain facets. In the majority of cases, for either of 
these fracture modes to occur, it is necessary for the fracture 
strain, rf , to be less than the critical strain for dynamic 
recrystallization, £. If this condition is not met, developing 
c 
gr . 
a1n boundary cracks are prevented from propogating by the 
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onset of dynamic recrystallization. This idea is illustrated 
in Fig. 11.1, which shows the variations of ff and f~ with 
temperature. It is well known that f decreases continually 
c 
with increasing temperature (McQueen and Jonas, 1q75). The 
variation of f with T is not so clearly understood, but some f 
investigations have reported an increase in C
f 
with T, even 
though dynamic recrystallization had not occurred. (Wilcox 
and Honeycombe, 198q) However, Fig. 11.1 illustrates that 
as long as €f is less than €c at some temperature, a ductility 
trough will develop no matter what the precise variation of if 
with temperature. Fig.11.1 also introduces the idea of the 
critical temperature T at which ff = f
c
• Above Tc, ductility 
, c' 
is expected to increase rapidly as dynamic recrystallization 
proceeds, whilst below Tc, intergranular failure will occur. 
It is Possible to explain the hot ductility behaviour of the 
plain C and micro-alloyed steels investigated in the previous 
chapters by the effects of precipitate, grain size and strain 
rate on € and c 
c "f· 
The influence of strain rate on fc is well known, Cc 
decreasing as strain rate decreases, except possibly at very 
low strain rates (see section 2.3). The influence of strain 
rate on C is not so well documented, but in the majori ty of f 
hot ductility studies the hot ductility decreases rapidly as 
strain rate decreases. (Mintz and Arrowsmith, 1979; Ouchi 
and Matsumoto, 1982). In some studies (Mintz and Arrowsmith 
1979), and in the results of chapter 10, the temperature at 
which hot ductility first begins to fall increases as strain 
rate decreases. This behaviour is illustrated in Fig. 11.2 
which shows the influence of varying strain rate over a range 
of temperatures on Cf and €c. Fig. 11.2 showS that if it is 
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assumed that ff is more sensitive to strain rate than fc' 
and increase in the width of the ductility trough is expected. 
Precipitation is known to have a marked effect on both E 
c 
and Ef . Ec is known to increase when fine nitride and/or 
carbide precipitates are present in sufficient volume fraction 
(Weiss and Jonas, 1979). The effect of precipitates on fc 
is also expected to be temperature dependent, since at high 
temperatures precipitate size will be increased, and volume 
fraction decreased. E is also affected by precipitation, for 
f 
a number of Possible reasons; matrix precipitation will tend 
to concentrate strain at the grain boundaries when precipitate 
free zones develop, and grain boundary precipitates themselves 
may act as easy paths for crack propogation. The influence of 
precipitation on f and f is illustrated in Fig. 11.3, which 
c f 
shows that precipitation is expected to deepen and broaden the 
ductility trough. Thus thermal cycles such as those involving 
temperature oscillations during cooling from solution temperature, 
and those which produce many fine, dynamic precipitates, will 
produce a deepening and broadening of the ductility trough. 
Grain s· h d c lze prior to testing also influences bot Ec an ~f' 
Ec is known to increase with increasing grain size, as discussed 
in section 2.6 , creep studies, and the results of chapters 5 and 
6, both indicate a decrease in ff with increasing grain size. 
Fig. 11.4 illustrates the deepening and broadening effect on 
ductility trough of increasing grain size. 
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11.3 RECOMMENDATIONS FOR THE REDUCTION OF TRANSVERSE CRACKING 
The results of chapter 8 have shown the importance of maintaining 
low amplitude temperature oscillations in the slab surface during 
continuous casting especially when a 'soft' cooling practi, e has 
been adopted, i.e. one which involves slab straightening at 
temperature above the ductility trough. Careful control and main-
tenance of cooling sprays to produce a more uniform cooling pattern 
would be expected to reduce transverse cracking by reducing NbCN 
precipitation before slab straightening. 
Chapters 5 and 6 have shown that grai~ size prior to testing can 
have an influence on the hot ductility as measured in hot tensile 
tests, and hence a refinement in grain size prior to slab 
straightening might be expected to reduce transverse cracking. 
Austenite grain size, following solidification, can be minimized 
by the choice of an appropriate C level, as described by Maehara 
et al, (1985), either below 0.10% or above 0.15%. These composition 
ranges limit the time spent by the solidification steel in the 
Single phase austenite region of the phase diagram. Another possi-
bility for refining austenite grain size is Ti treatment, which can 
lead to the formation of TiN or Ti-Nb compounds which are effective 
in restraining grain growth, if of a suitably fine size. 
The results of chapter 7 indicate that dynamic precipitation of NbCN 
have a greater deleterious effect on hot ductility than static 
prec' , ~P~tates formed at the same temperature. Thus a reduction in 
Cool' ~ng rate following solidification would reduce the super-
saturation of Nb at the slab straightening temperature, and hence 
redUce the quantity of dynamically precipitated NbCN formed during 
straightening. 
Strain rate is an important variable in controlling hot ductility as 
demonstrated by the results of chapter 10, and increases in strain 
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rate are effective in improving hot ductility. The strain rate 
during continuous casting is given by equations 2.1 and equation 
2.2:_ 
. 
. f = tV/2RL ••••••..••• 11.1 
Thus it can be seen that increases in the casting velocity, V, 
and the slab thickness, t. and a decrease in the bending radius, 
R, or gauge length, L, will result in an increase in the strain 
rate, i However, to produce a significant improvement in 
ductility typically requires an increase in strain rate by a factor 
of 10. However, in commercial practise it is not feasible to 
produce such large variations in strain rate by altering V, t, R 
Or L. 
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11.4 RECOMMENDATIONS FOR FUTURE WORK 
1. 
2. 
3. 
4. 
5. 
6. 
Chapter 5 and 6 dealt with the influence of grain size on 
hot ductility, but unfortunately only grain sizes less than 
400 pm were obtained. During .continuous casting grain size in 
excess of 500 ,'m are commonly obtained, and so there is a 
need to examine the influence of extremely coarse grain sizes 
on hot ductility. 
In chapter 7, no conclusions could be drawn on the relative 
importance of the static and dynamic precipitation of AlN, 
due to the slow rate of AlN precipitation. Therefore, a 
fUrther study should be carried out, using either slower 
COOling rates or longer holding times to encourage AlN pre-
cipitation, and using a steel with higher Al and N contents. 
As discussed in chapter 9, a closer approximation of the cooling 
conditions experienced during continuous casting would be 
produced by the use of an increased cooling rate after solidi-
fication, and by the introduction of temperature oscillations 
during COoling. 
In chapter 10, it was shown that both Ti and Ca are beneficial 
to the hot ductility of samples heated directly to test 
temperatures. Of more relevance to the continuous casting 
process is the hot ductility after high temperature solution 
treatments. Therefore it is recommended that the hot ductility 
of C-Mn-Nb_Al steels with Ti and Ca additions is examined after 
high temperature solution treatment. 
It was suggested in chapter 10 that the improvement in hot 
ductility associated with Ca additions was due to the lower S 
levels present. To confirm this effect, it is recommended that 
C-Mn~Al and C-Mn-Nb-Al steels with different S levels are tested. 
The results of chapter 7 indicate that dynamicallY precipitated 
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7. 
8. 
NbCN is more detrimental to hot ductility than the equivalent 
static precipitates. As well as holding time prior to testing, 
the proportions of static and dynamic NbCN is expected to be 
influenced by the cooling rate from solution treatment 
temperature. At present, only Mintz and Arrowsmith (1979) 
appear to have investigated the influence of cooling rate on 
the hot ductility of C-Mn-Nb-Al steels, so there is a need to 
extend their work over a wider range of cooling rates. 
In the present study, the hot ductility of C-Mn steels has 
been investigated above and below the A, temperature. How-
ever, the hot ductility of micro-alloyed steels after cooling 
from solution temperature was investigated only above the A, 
temperature. Therefore, it is recommended that hot ductility 
tests are performed on micro-alloyed steels below the Ar, 
temperature to investigate the combined influence of precipi-
tation and transformation. 
The recovery of hot ductility as the test temperature is raised 
is often due to the onset of dynamic recrystallization. To 
date, there appears to have been little work done on the volume 
fraction of recrystallized material required to bring about - this 
recovery in hot ductility. Measurement of these recrystallized 
vOlume fractions would be most easily made on fractured samples 
of an austenitic stainless steel, which had been quenched 
rapidly after fracture. 
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APPENDIX 
PROCEDURE FOR ELECTROPLATING (ANG.1982) 
(A) Preparation of all chloride solution. 
(B) 
Required electrolyte composition: Nickel Chloride (Nic1 2)· 240 g/t 
Boric Acid (H3B03) - 30 g/t 
Exact amount of nickel chloride crystals (240g) and boric acid 
powder (30g) were each weighed in a Toppan machine. To each 
were added 1 litre of water. They were then mixed thoroughly 
in a glass container to obtain the required all chloride solution. 
Calculation of time and current required for a plating thickness 
of 100um. 
For dimensions of specimen please refer to Appendix 
Density of nickel =. 0.0089 gtmm3 
Current density - 0.000538 ampl mm2 
Z .. 29.35 g 
Weight deposited ZIt 
- 96500 
_______ .. .;,...(1) 
Current required _ current density x surface area of specimen __ (2) 
Weight of nickel deposited (in grams) - Density x Volume _____ (3) 
Total surface area of specimen _ 2{surface area (A)} + 
2{surface area (B)} + surface area (C) 
= 2{n(6.3)2+2n(6.3) (5.08) + *(12.62 - 7.6 2 ) 
+ 2{2n(3.8)(6.35) + *(7.62 - 5.04 2 ) + 2n(2.52)(25.4) 
- 810.2 + 354 + 402.2 
.. 1566.4 mm2 
From equation (2). 
Total current required - 0.000538 x 1566.4 
- 0.843 Ampere 
18S . 
Current required ~ 0.85A 
Volume of nickel deposited - total surface area x thickness of 
plating 
- i566.4 x 0.1 
- 156.64 mm' 
From equation (3), 
Weight of nickel deposited - 0.0089 x 156.64 
- 1.3941 grams 
From equation (1), 
1.3941 
" t 
ZIt 
96500 
1.3941 x 96500 
29.35 x 0.843 
5437.3 secs 
1 hr 30 mins 37.2 secs 
Time required for plating ~ 1 hr 31 mins. 
Procedure for Nickel Plating 
Prior to plating, visual examination of the specimen is very 
important to ensure that no oxide is present on the specimen. 
bt is necessary to abrade and then pickle the rolling oxides 
The procedure for nickel plating was as follows: 
(i) 
(ii) 
(iii) 
Each spec'imen was ultrasonically cleaned for about 5 minute~ 
The specimen was removed with the help of tongs and then 
washed in warm running water. 
10% sodium hydroxide (NaOH) was heated in a beaker to 
Anodic cleaning was carried out for I minute 
at 0.2A with half of the specimen UmDersed in the solutio~ 
The specimen (anode) was connected to the positive 
terminal of the supply and the nickel plate (cathode) to 
186 
the negative terminal. 
(iv) The specimen was then removed and washed with warm running 
water. 
(v) The same procedure was carried out on the other half of 
the specimen. 
(vi) The specimen was again removed and washed with warm running 
(vii) 
(viii) 
water. 
It was then immediately dipped in a 10% HCl solution for 
about 2 minutes. 
The cleaned specimen was then immersed in the plating 
solution. Both the current and plating solution were 
set at O.SA and 600 C respectively. A magnetic stirrer 
was used. 
(ix) After about 1 hr the specimen was turned over to ensure 
even plating. Total plating time was about 2 hrs. 
(x) The specimen was then removed and blow dried. 
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APPENDIX 2 
RECENT PUBLICATIONS 
In the months between the completion of the Literature Survey 
of Chapter 2, and the final preparation of the thesis, a number 
of relevant papers have been published, and these will be 
discussed briefly. 
Suzuki et al (1984) investigated the influence of strain rate 
and composition on the hot ductility of C-Mn-Al and C-Mn-Nb-Al 
steels using Gleeble and Instron testing machines, the temperature 
and strain rate ranges investigated being 600 - 10000C and 
5 x 5 x 10-3 s-l respectively. 
Decr . -3 eas~ng the strain rate from 5 to 5 x 10 s-l led to the 
formation of a severe ductility trough for a C-Mn-Ab-Al steel, 
in general agreement with previous work discussed in section 2.5. 
C in the range 0.05 _ 0.4% was shown to influence the depth and 
P~sition of the ductility trough occurring in C-Al steels, 
increasing C contents leading to lower reduction in area values, 
and shifting the ductility trough to lower temperatures. This 
shift in Position of the ductility trough was found to be consistent 
with the change in Ar3 temperature associated with the varying C 
content. However, Maehara et al (1985) after testing a series of 
C-Mn-Nb-Al steels with C contents in the range 0.05 - 0.3 wt% 
under similar test conditions to those of Suzuki et aI, showed no 
influ~nce of C content on reduction in area values, in agreement 
With the results of Ouchi and Matsumoto (1982). Maehara et al 
(1985) did Show that C content had a significant affect on reduction 
1n area values of samples which had been cast 'in situ' immediately 
Prior to testing. Hot ductility was reduced in the C range 0.10 -
0.15%, and this behaviour was explained in terms of the coarse 
austenite grains formed in this C range, due to the high temperature . 
l8A 
of austenite formation for these compositions. 
FUrther results on the influence of C content have been presented 
by Hannerz (1985), showing that in the temperature range 750 -
90Q o C, increasing C content from 0.07 to 0.28% C in a C-Mn-Al 
steel improved hot ductility, and this improvement was attributed 
to the associated increase in the AJ temperature. 
Studies by both Suzuki et al (1984) and Hannerz (1985) indicated 
that increasing N contents in C-Mn steels reduced reduction in 
area values, and Hannerz also showed that increasing the product 
Al x N broadened the ductility trough associated with the C-Mn-Al 
steels, in broad agreement with previous studies described in 
section 2.9. However, Suzuki et al reported that Al additions 
to a C-Mn steel with 0.009%N actually improved hot ductility. 
The work of Hannerz on the influence of Nb and Ti on the hot 
ductility of C-Mn-Al and C-Mn-Nb-Al steels respectively confirmed 
previous findings discussed in section 2.9, indicating ihat 
increasing Nb decreases hot ductility, whilst Ti improved hot 
ductility. 
The studies of both Hannerz and Suzuki confirmed the earlier 
reports by Mintz and Arrowsmith (1979) on the influence of 
P, by shoWing a slight improvement in hot ductility with increasing 
P . 
1n C-Mn and in C-Mn-Ab-AI steels. 
Again, the results of Hannerz concerning the hot ductility of 
C-Mn-Al_V steels, confirmed earlier work discussed in section 2.9, 
and showed a slight deterior~tion in hot ductility with increasing 
V. 
Both Hannerz and Suzuki et al investigated the influence of S on 
hot ductility. Suzuki et al reported a slightly detrimental effect 
of S in C-Mn-Al steels following solution treatment, but a very 
mUch larger detrimental effect when the samples were melted prior 
to testing. However, Hannerz reported no influence of sulphur on 
hot ductility in Gleeble tests, although analysis q( production 
data indicated that 5 tended to promote transverse cracking. 
The Gleeble results, however, we~e obtained from Al free steels, 
and as the work of Heritier et al (1981) indicates, the presence 
of both 5 and Al may be a pre-requisite for brittle failure. 
Hannerz also reported no influence of Ce or Mo on the hot ductility 
of C-Mn-Nb-AI steels. 
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APPENDIX 3 
Some of the results presented in this thesis have been accepted 
for publication in 'Materials Science and Technology'. These 
results include the work publisheq in Chapter 4, and together 
with further work, the results of Chapter 9. The papers are to 
be entitled 'Influence of Carbon on the Hot Ductility of Steels' 
and the 'Hot Ductility of a Directly Cast C-Mn-Nb-Al Steel'. 
Letters of acceptance from the Institute of Metals are show over-
leaf. 
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1 Carlton House T ~rrace LondGn SW 1 Y 5uB 
Telephone: 01 ·839 4~il Teiex: ~148IJ 
28 November 1985 
Dr B Mintz 
Dept of Mechanical Engineering 
The City University 
Northampton Square 
~NDON EClV OHB 
Dear Dr Mintz 
THE HOT DUCTILITY OF DIRECT CASr-
.£=~n-Nb-Al STEEUj 
I acknowledge with thanks receipt of your letter of 
1 November 1985 enclosing a revised version of the 
above paper for publication in Materials Science 
,!,nd Technolon . 
I am pleased to inform you that this is acceptable 
and I am now passing the paper over to our production 
department who will send you proofs for checking in 
due course. 
Yours Sincerely 
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WB/KM/MST361 
20 December 1985 
Dr B Mintz 
1 CMlton House Terrace Lundon SW I Y 50S 
Telephone: 01 -8394071 Te lex: 15.'il~:'1 
Dept of Mechanical Engineering 
The City University 
Northampton Square 
LONDON ECl V OHB 
Dear Dr M1ntz 
TLH/CR/MST366 
INFLUENCE OF CARBON ON THE HOT DUCTILITY OF ST~ 
I aC'tnowledge wi th thanks receipt of your letter of 
21 Nov€rnber enclosing a revised version of the 
above paper for publication in Materials Science and 
Technology. 
I am pleased to inform you that this is acceptable 
and I am now passing the paper over to our production 
department who will send you proofs for checking in 
due COurse. 
Yours sincerely 
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